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The isolation of graphene and discovery of its remarkable properties have led 
to renewed interest in inorganic two-dimensional (2D) materials with unique electronic 
and optical attributes. Of these, MoS2 and WS2 are among the most widely studied for 
their potential applications in nanoscale electronics. However, controlled fabrication 
and understanding of the growth mechanism of 2D MoS2 and WS2 need to be 
established before these emerging materials can be realized for practical applications. 
While techniques such as chemical vapour deposition (CVD) and exfoliation have been 
extensively investigated, the controlled synthesis of highly crystalline MoS2 and WS2 
atomic layers is still a challenge, and studies on solid-state formation of MoS2 and WS2 
through physical vapour deposition (PVD) techniques remain severely limited.  
The aims of this project are to understand the growth mechanism of MoS2 and 
WS2 using PVD techniques such as pulsed laser deposition (PLD) and sputtering, and 
to fabricate MoS2- and WS2-based field emitters. To achieve these objectives, the first 
chapter details investigations on the growth of few-layer MoS2 on metal substrates by 
PLD and the effects of parameters such as laser energy, deposition time and cooling 
rate on the crystalline quality of the resulting film. The growth process of MoS2 on 
metal substrates was also elucidated as occurring through conventional epitaxy. With 
the knowledge acquired from this experiments, MoS2-coated metal nanocones were 
fabricated with enhanced field emission properties as compared to pristine nanocones. 
This was attributed to a reduction in the effective barrier to field emission due to the 
formation of a low Schottky barrier and charge transfer from the metal to MoS2. 
In the second chapter, the use of PLD was extended to fabricate WS2 on metal 






influencing the phasic composition of the film such as growth temperature, metal buffer 
thickness, deposition time, laser energy and type of metal used were also investigated. 
Briefly, the hybrid 1T-2H structure was formed only on the noble metals Ag and Au, 
and is believed to be induced by electron doping of the WS2 lattice. The 1T-phase was 
also observed to completely convert to 2H-WS2 after annealing. In the final part of this 
chapter, WS2-coated Ag nanocones were fabricated for field emission purposes. It was 
observed that the as-fabricated WS2-coated Ag nanocones gave enhanced field 
emission properties over that of bare nanocones and annealed samples. This due to the 
formation of low resistance contacts between Ag and the metallic 1T-phase, as well as 
a low Schottky barrier at the interface between 1T- and 2H-WS2, both of which 
contributed to lowering of the effective barrier height for electron emission. 
In the final chapter, ultrathin MoS2 and WS2 were grown as an encapsulating 
shell on carbon nanotubes (CNT) for field emission purposes. In both cases, the initial 
shell was composed of M oxides (M = Mo or W) that converted to MS2 nanoflakes with 
increasing deposition times. Both the oxide and MS2 shell led to improved field 
emission performance over that of pristine CNTs. For the oxide coating, the lowering 
of the effective barrier height was primarily due to the formation of a Schottky barrier. 
For the MS2 nanoflakes, it was mainly the high density of sharp tips acting as additional 
emission sites that led to high external field enhancement and thus decreased the 
potential barrier for electron emission.  
Through the information gained from these experiments, MoS2 and WS2 growth 
from solid sources using PLD and sputtering were better understood and thus field 
emitters based on these materials can be optimized to achieve better performance.
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Over the last few years, extensive efforts have been devoted to studying 
graphene analogues of layered inorganic materials such as MoS2 and WS2. In this 
chapter, the background and properties of MoS2 and WS2 are reviewed in section 1.1 
and 1.2 respectively. Material fabrication methods are then discussed in section 1.3. 
The theory of field emission as well as the application of MoS2 and WS2 as potential 
field emitters are reviewed in Section 1.4. Finally, the motivations and objectives of 
this project are detailed in section 1.5. 
 
1.1 MoS2 and WS2 Analogues of Graphene 
Within the emerging class of ultrathin two-dimensional (2D) layered materials, 
graphene has undoubtedly attracted the most attention due to its remarkable mechanical 
and electronic properties.1,2 However, the intrinsic limitations of graphene such as the 
lack of a bandgap necessary for efficient high performance field effect transistors (FET) 
and the difficulty in altering the band gap without negatively impacting its electrical 
properties has motivated research on other 2D materials. Of these, molybdenum 
disulfide (MoS2) and tungsten disulfide (WS2), from the family of layered transition 
metal dichalcogenides (TMD), have received the most interest. As a consequences of 
its easy availability in nature as molybdenite, MoS2 been widely studied since the 1960s 
for applications in dry lubrication,3 batteries,4,5 as well as photocatalysis and 
photovoltaics6,7. It is only very recently that 2D ultrathin layers of both MoS2 and WS2 





have generated interest for their promising semiconducting properties and potential 
applications in nanoelectronics and optoelectronics.  
The layered structure of MoS2 and WS2 is formed by the stacking of three 
atomic layers of S-M-S atoms,8 where M = Mo or W, as illustrated in Figure 1.1(a). 
The planar projection shows a perfect hexagonal lattice of S atoms, with each M atom 
coordinated to six S atoms in a trigonal prismatic geometry. Depending on the 
arrangement of the S atoms, two kinds of hexagonal S-M-S layers are possible: 
prismatic D3h-MS6 or octahedral Oh-MS6.
9,10 Individual layers interact by weak van der 
Waals interactions and may be stacked in a variety of ways. For example, bulk MoS2 
and WS2 naturally occur as a mixture of two stable polymorphs based on D3h-MS6 units: 
the hexagonal 2H-MS2 and the rhombohedral modification 3R-MS2. The 3R-polytype 
is less stable and thus transforms into the 2H-polytype upon heating. As the number of 
layers decreases to one however, there is no variety of stacking different layers. Thus, 
monolayer MoS2 and WS2 only have the two phases of 2H-MS2 and 1T-MS2 
(octahedral Oh). These two phases exhibit different electronic structures, with 2H-MS2 
behaving as a semiconductor while the 1T-phase is metallic.10 Theoretical calculations 
predict that the 2H-polytype is more thermodynamically stable, and hence the 1T-phase 
converts to the former upon heating via atomic plane gliding, which involves a 
transversal displacement of one of the S planes.11 Due to this instability of the 
octahedral 1T-phase, it has not been found in nature. Figure 1.1(b) shows the 
schematics of the three different structural polytypes. 
 
 

















1.2 Properties of 2D MoS2 and WS2 
1.2.1 Band Structure 
Unlike metallic graphene, MoS2 and WS2 are indirect band gap semiconductors 
with an energy gap of 1.2 eV and 1.4 eV respectively in bulk form.8,12 When reduced 
to a monolayer, quantum confinement effects give rise to an indirect-to-direct transition 
such that single layer MoS2 and WS2 possess direct gaps of 1.9 eV and 2.0 eV 
respectively.8 The band structures of bulk and monolayer MoS2 and WS2 calculated 
from first principles are shown in Figure 1.2. The valence band maximum is located at 
the Γ point, while the conduction band minimum is located almost halfway along the 
Γ-K direction, which constitutes the indirect band gap transition.13 For MoS2, density 
functional theory (DFT) calculations show that the conduction band states at the K-
point are mainly due to localized d orbitals on the Mo atoms and are relatively 
unaffected by interlayer interaction. Thus when layer number decreases, the direct band 
gap at the K point only increases by about 0.05-0.1 eV.14 However, the states near the 
Γ point on the conduction band are due to hybridization between pz-orbitals of S atoms 
and the d-orbitals of Mo atoms, and are affected by interlayer interactions. Thus the 
bands at Γ are more affected by a decrease in layer number.14 With decreasing layer 
number, the lowest conduction band (indirect) moves upward, increasing the overall 
band gap. In the monolayer, the indirect transition gap is larger than the direct transition 
gap, and the smallest band gap is thus the direct band gap at the K point of about 1.9 
eV.  
 






Figure 1.2: Band structures calculated from first-principles DFT for bulk and 
monolayer (a) MoS2 and (b) WS2. The dashed lines indicate the Fermi level. The arrows 
indicate the fundamental bandgap (direct or indirect). The blue and green curves 
represent the top of the valence band and bottom of the conduction band respectively.8 
 
1.2.2 Electronic Properties 
In 2D TMD layers, the mobility of carriers is affected by (i) acoustic and optical 
phonon scattering, (ii) Coulomb scattering at charged impurities, (iii) surface interface 
phonon scattering, and (iv) roughness scattering.8 Carrier mobility is increasingly 
affected by phonon scattering with increasing temperature. At higher temperatures, the 
optical component dominates whereas at lower temperature it is the acoustic component 
that dominates.15 Based on first principle calculations, the phonon-limited room-





temperature mobility of MoS2 is predicted to be ~410 cm
2 V–1 s-1, with similar values 
expected for other single-layer TMDs. Coulomb scattering, which is caused by the 
presence of charged impurities within the TMD layers or on their surfaces, is the 
dominant scattering effect at low temperatures.8 One way to screen the Coulomb 
scattering on charged impurities and thus enhance carrier mobilities is by dielectric 
engineering. For example, high-k dielectric HfO2 was found to assist in improving the 
room temperature mobility of monolayer MoS2 transistors from ~0.5–3 cm2 V–1 s-1 in 
earlier reports16 to ~200 cm2 V–1 s-1 in more recent works17. For very thin materials such 
as 2D TMDs, the contribution from surface phonon scattering and roughness scattering 
can also be very significant. It is known that for graphene, Coulomb scattering is domi-
nant over short-range and surface roughness scattering in the form of ripples.18 
Freestanding MoS2 has been shown to have similar ripples
19 that may limit ballistic 
transport and thus reduce mobility.  
The first implementation of a top-gated transistor based on monolayer MoS2 
was reported by Kis et al.17. The device demonstrated an excellent on/off current ratio 
of ~108 and a room-temperature mobility of >200 cm2 V–1 s–1. Thin-film transistors 
made of MoS2 from liquid exfoliation have similar electrical performance,
20 suggesting 
possibilities for flexible, transparent, 2D electronic applications. Theoretical 
simulations of transistor performance21 have also shown that top-gated MoS2 transistors 
with gate lengths of 15 nm could operate in the ballistic regime with an on-current as 
high as 1.6 mA μm–1 and a current on/off ratio of 1010. More recently, Radisavljevic 
et al.22 demonstrated functional electronic circuits based on multiple 2D MoS2 tran-
sistors capable of performing digital logic operations. Wang et al.23 also reported the 
fabrication of complex integrated circuits built on bilayer MoS2 such as an inverter, a 
logical NAND gate, static random access memory and five-stage ring oscillator. 





Furthermore, ambipolar transport was demonstrated in a 10 nm-thick MoS2 double-
layer transistor24 using an ionic liquid as the gate to reach extremely high carrier 
concentrations of 1 × 1014 cm2. The ability to engineer n- and p-type transport in MoS2 
is immensely useful for applications in CMOS logic and p–n-junctions. 
Although the electronic properties of WS2 layers have been less extensively 
studied, theoretical models predict that among the semiconducting 2D TMDs.21 WS2 
should have the highest mobility due to its reduced effective mass. Early reports on 
liquid-gated multilayer25 and single-layer26 WS2 indicated a carrier mobility of 44 cm
2 
V-1 s-1 for the material. Recently however, Ovchinnikov et al.27 fabricated transistors 
based on monolayer and bilayer WS2 that exhibited n-type behaviour with a high room-
temperature on/off current ratio of ∼106. The devices also demonstrated higher carrier 
mobilities of ∼60 cm2 V-1 s-1 single-layer WS2 at room temperature that saturates at 140 
cm2 V-1 s-1 when the temperature drops to ~83 K. 
 
1.2.3 Optical Properties 
The evolution of the electronic structures of MoS2 and WS2 with decreasing 
thickness directly influence their optical properties. For both materials, the change from 
an indirect to direct bandgap and increase in bandgap energy is detected as changes in 
photoconductivity, absorption spectra and photoluminescence (PL).12,13 One 
consequence of the indirect-to-direct transition is an increase in PL quantum yield from 
bulk to monolayer MoS2 by a factor of 10
4, with even higher quantum yield for regions 
of the monolayer flake suspended over holes in the substrate. Single-layer WS2 has also 
been reported to exhibit extraordinary room temperature PL from flake edges that 
surpasses all known 2D layered TMDs.28 Single-layer MoS2 and WS2 sheets are 





extremely thin and demonstrate high optical transparency (>90 %) in the visible light 
range.29 This combination of high transparency, high conductivity and band gap 
tunability based on layer thickness makes 2D MoS2 and WS2 highly suitable for 
optoelectronic applications such as sensors,30 phototransistors,31 and organic light 
emitting devices (OLED)32 for next-generation solid-state lighting panels and high-
resolution displays.  
 
1.2.4 Mechanical Properties 
Castellanos-Gomez et al.33 measured the elastic properties of freely suspended 
MoS2 nanosheets, with thicknesses ranging from 5 to 25 layers by using an AFM tip. It 
was found that the average Young’s modulus of the MoS2 sheet is exceptionally high 
at 0.33 ± 0.07 TPa, which is comparable to that of graphene oxide and higher than the 
Young’s modulus of bulk MoS2 (0.24 TPa). Furthermore, the crystalline nanosheets 
could withstand elastic deformations of up to tens of nanometers without breaking. In 
another study,34 monolayer MoS2 was reported to have an effective Young's modulus 
of 270 ± 100 GPa, which was lower than that of multi-layers but higher than that of the 
bulk. Individual MoS2 monolayers can also be deformed by up to 11% without 
fracturing, and be bent to a radius of curvature of 0.75 mm without degrading their 
electronic properties.35 The excellent elastic properties of 2D MoS2 nanosheets make 
them a highly promising material for flexible electronic devices as well as for composite 
films. 
 





1.3 Fabrication Techniques for 2D MoS2 and WS2 
One significant challenge in current MoS2 and WS2 research is the fabrication 
of high quality ultrathin films. Atomically thin flakes of TMDs can be extracted from 
the bulk crystals by micromechanical cleavage using adhesive tape,12,33 applied to SiO2 
substrates of certain thickness and optically identified by light interference. While such 
mechanical exfoliation produces single-crystal flakes of high purity and cleanliness that 
are suitable for fundamental characterization, the technique is time consuming and not 
scalable, thereby making it unsuitable for industrial use.  
For obtaining large quantities of nanosheets, solvent-based exfoliation of MoS2 
and WS2 is frequently used. This technique is also promising because it permits the 
fabrication of composites and hybrids by simple mixing of dispersions of different 
materials.36,37 Most commonly, liquid exfoliation is done by intercalation of TMDs by 
ionic species such as Li.38,39 The procedure typically involves submerging powders of 
MoS2 or WS2 in a solution of a Li-containing compound such as n-butyllithium. This 
is followed by exposure to water, which reacts vigorously with the Li inserted between 
the TMD layers to evolve H2 gas that pushes the layers apart. Lithium intercalation 
techniques are capable of producing gram quantities of submicrometre-sized 
monolayers,40 but the exfoliated flakes suffer from physical and electronic changes to 
the crystal structure. In particular, MoS2 and WS2 undergo a phase change from the 
semiconducting 2H-polytype to the metallic 1T-polytype. This phase transformation 
can be reversed by annealing the exfoliated flakes at 300 °C.39 TMDs can also be 
exfoliated by ultrasonication in organic solvents, aqueous surfactant solutions, or 
solutions of polymers in solvents.36,37 The exfoliated nanosheets are stabilized against 
re-aggregation either by solvation or by steric or electrostatic repulsion due to the 





adsorption of molecules from solution.8 Ultrasonication usually yields flakes of a few 
hundred nanometre in size, which is too small for device fabrication. In addition, all of 
the above liquid exfoliation techniques do not allow for rational control over the shape 
and thickness of the resulting flakes, which is crucial for materials such as MoS2 and 
WS2 in which their properties vary below a critical thickness of 100 nm down to a single 
monolayer.39  
Chemical vapour deposition (CVD), which has been very successful at growing 
high quality graphene, was recently found to be effective at producing large area MoS2 
and WS2 thin films on insulating substrates such as SiO2, mica and sapphire.
41-45 
However, the technique requires high process temperatures in the range of 650-1000 
ºC and long growth times. Furthermore, compared to graphene, it is more challenging 
to obtain highly crystalline atomically thin TMDs with controlled number of layers by 
CVD. This is because the geometry, thickness, and crystallinity of graphene can be 
regulated by suitable catalyst design, but no catalyst is involved in the growth of MoS2. 




45 which are first deposited on silicon substrates, followed by 
sulfurization or thermal decomposition of these precursors at elevated temperatures to 
produce 2D MoS2. Similarly, CVD WS2 is performed by sulfurization of WO3 thin 
films46 or powders47,48 deposited on a substrate. In many of these methods, the final 
film thickness is dependent on the concentration or thickness of the initial precursor, 
although precise control of the number of layers over a large area has not yet been 
achieved.  
Chemical preparation of MoS2 and WS2 have also been demonstrated using 
hydrothermal synthesis,49,50 which involves the growth of crystals from an aqueous 





solution in an autoclave at high temperature and pressure. Such methods give 
reasonably good-quality flakes with sizes in the hundreds of nanometres to a few 
micrometres, but the flake thickness is not typically more than one layer. 
 
1.4 Field Emission Theory 
Field emission is the extraction of electrons from the surface of a condensed 
phase into vacuum under an applied electric field by quantum-mechanical tunnelling 
through the surface potential barrier.51 There are several ways to obtain electron 
emission from material. The first involves heating the metal up to high temperatures, 
usually above 1000°C, and is known as thermionic emission.52 If sufficient energy is 
gained by the electrons in the material they will be able to surmount the potential barrier 
at the material/vacuum interface and be emitted. In contrast, cold or field emission 
involves applying an external electric field that reduces the potential barrier at the 
material/vacuum interface. This allows the electrons to escape the material by quantum 
tunnelling through the barrier. It is possible to combine the two types of electron 
emission, such as in the Schottky emission process where both a high electric field and 
high temperature are applied to the material.52 Out of the different methods to obtain 
emission electrons, field emission has several advantage such as low power 
consumption, fast response time, high brightness and efficiency, as well as a narrower 
spread of the emitted electrons that that render it preferable for use in vacuum 
electronics. 
 





1.4.1 Electron Emission from Metals 
The phenomenon of field emission is based on the effect of quantum-
mechanical tunnelling51 of electrons via a thin potential barrier at an ideal clean and flat 
metal surface. Under an externally applied electric field, E, the vacuum level outside 
the metal bends. Combined with image charge effects, the work function potential 
barrier height, ø, is reduced by an amount ∆ø. At sufficiently high fields, the width of 
the barrier becomes small enough that the electrons from the Fermi level, EF, of the 
metal have a non-zero probability to pass through the barrier to vacuum. Figure 1.3 
presents a schematic illustration of the field emission mechanism in metals. 
 
 
Figure 1.3: Schematic diagram of the field emission mechanism in metals. 
 
The first approximate explanation of the field emission phenomenon was 
developed by W. H. Schottky. In 1928, Fowler and Nordheim made improvements to 
the theory to correlate it with the experimental results.53 Although the Fowler-
Nordheim (F-N) model was proposed for metal surfaces at low temperatures, it has 





nevertheless been widely used to interpret of field emission from graphitic materials 
such as CNTs. The simplified F-N equation for an ideal flat and clean metal surface 










where 𝐽 is the macroscopic current density, 𝐸 is the applied field, 𝛽 is the geometrical 
field enhancement factor, 𝜑 is the work function, 𝐴 = 1.54 × 10-6 A eV V-2 and 𝐵 = 
6.83 × 103 eV3/2 V μm-1. The electric field 𝐸 between ideally clean and flat metallic 
electrodes is homogeneously distributed and can be calculated as 𝐸 =  𝑉/𝑑, where 𝑉 
is the applied voltage and 𝑑 is the gap between the electrodes. By taking natural 











This standard F-N equation can be used for field emission studies of a single emitter or 
large-area field emitters such as Spindt arrays. The field enhancement factor, which 
reflects the ability of the emitters to enhance the local electric field and is often used as 
a qualitative measure of field emission performance, can be calculated from the slope 













As can be seen from equation 1.2, the field emission current depends strongly on three 
factors: the applied electric field, the field enhancement factor, and the work function 
of the material. Therefore, a slight change in the values of these parameters leads to 










1.4.2 Electron Emission from Semiconductors 
 
Figure 1.4: Schematic diagram of the field emission mechanism in semiconductors. 
 
In semiconductors, electrons can emit from both the conduction (Ec) and 
valence (Ev) bands and sometimes from surface states.
55 Given that Ec and Ev are 
separated by band gap Eg, the barrier height in the conduction band is denoted by 𝜒 
whereas for the valence band, the barrier height is 𝜒 + 𝐸𝑔. The emission current density 
and electric field relationship for both cases may also be described using equation 1.2 
by replacing of the work function with 𝜒 or 𝜒 + 𝐸𝑔 where appropriate. Field emission 
from the valence band is often ignored because the top of this band is a few eV below 
the vacuum level.56 If the surface states are also ignored, then electron emission occurs 
only from the conduction band and depends on the tunnelling probability through the 
potential barrier. In contrast to metals, semiconductors have a much lower density of 
electrons that result in deeper penetration of an applied electric field.55 This field 





penetration causes bending of both the conduction and valence bands at the emitter 
surface by an amount V0 below the Fermi level so that electrons collect in the dip. 
Consequently, the effective height of the barrier becomes smaller and is given by 
ø𝑒𝑓𝑓 = 𝜒 − (𝐸𝐹 − 𝑉0). Figure 1.4 presents a schematic illustration of the field emission 
mechanism in semiconductors. 
 
1.4.3 Field Emitters based on 2D MoS2 and WS2 
With their excellent electrical conductivity and mechanical robustness, 2D 
TMDs such as MoS2 and WS2 are promising candidates for next generation field 
emitters. Compared to conventional field emitters such as CNTs and graphene, MoS2 
and WS2 both demonstrate similar high field enhancement capabilities in addition to 
better long term stability.57-59 MoS2 nanotubes for example, demonstrate consistent 
reproducibility in field emission current characteristics and appear to be very inert and 
unsusceptible to intermediate exposure to air.58 Transport measurements on individual 
bundles of MoS2 nanotubes also suggest they demonstrate metallic behaviour for 
electron transport along the tube axis,58 which is advantageous for field emission 
applications. In addition, 2D MoS2 and WS2 layers are relatively easier to fabricate and 
process compared to graphene. Between the two TMD materials, WS2 is more inert, 
particularly in oxidizing environments, which would translate to better field emission 
stability over longer durations. However, MoS2 is generally easier and cheaper to 
fabricate. Although theoretical models predict that semiconducting 2D WS2 should 
have the highest mobility of all TMDs,21 in practice the mobilities of single layer WS2 
and MoS2 on Si/SiO2 at room temperature and high vacuum conditions are similar, 
ranging between 40 to 60 cm2 V-1 s-1 for WS2
26,27 and ~60 cm2 V-1 s-1 for MoS2.
60 The 





similar carrier mobilities of the two materials mean that neither WS2 nor MoS2 have an 
obvious advantage in terms of field emission current characteristics. 
Although a number of field emission studies has been conducted for 2D carbon-
based materials such as graphene,1,61 research on 2D MoS2 and WS2 as potential field 
emitters remains largely undeveloped. Some early works include the fabrication of 
MoS2 nanoflowers by reducing a tin film of MoO2 on Mo foil with sulfur vapour at 
high temperatures of 950–1000 ºC.57 The nanoflowers exhibited excellent field 
emission performance with a turn-on field of 4.5–5.5 V μm-1 at 10 μA cm-2, which is 
comparable to free-standing graphite sheet62 (~4.7 V μm-1) and graphene films63 (2–6 
V μm-1). In contrast, WS2 nanoflowers synthesized by atmospheric pressure CVD64 at 
650 ºC demonstrated a much higher turn-on field of 6.1 V μm-1. Other nanostructured 
morphologies such as nanotubes58,59 and nanosheets65 have also been investigated for 
their field emission properties. For example, Nemanič et al.58 demonstrated that an 
individual MoS2 nanotube is capable of producing currents in excess of 10 μA that 
remained stable for up to 70 h. The single-walled nanotubes were grown by a catalysed 
transport method using C60 as a catalyst and Iodine as a transport agent in a reaction 
that was ran for 22 days at 1010 K. Another example of field emission from TMD 
nanotubes was demonstrated by Viskadouros et al.59 who generated WS2 nanotubes by 
the high temperature reaction between H2S and H2 gases with tungsten oxide 
nanoparticles. The as-prepared nanotubes were then dispersed into a poly(3-
hexylthiothene) (P3HT) matrix, dissolved in acetone, and further solution-casted on 
both flat Si substrates and Si microspike arrays. The nanotubes on microspike arrays 
had the lowest turn-on fields of ~2.6 V μm-1, which was comparable to that of vertically 
oriented CNTs.66 In addition, Kashid et al. used liquid exfoliation in hexane to fabricate 
MoS2 planar nanosheets with lower turn-on fields of 3.5 V μm-1 than MoS2 





nanoflowers.64 The good field emission performance was attributed to a high field 
enhancement factor associated with the nanometric sharp edges of the MoS2 sheets. 
 Generally, the flat profile and smooth surface of layered TMD sheets prevents 
good field enhancement. This complicates the application of 2D MoS2 and WS2 as field 
emitters due to the fact that most fabrication methods, including CVD and exfoliation, 
results in precisely such flat layers oriented parallel to the substrate surface. Although 
Late et al.67 demonstrated that it is possible for MoS2 thin films to achieve low turn-on 
fields of 2.8 V μm-1, this was mainly attributed to the presence of nanometric 
protrusions on the MoS2 film. Thus, in order to fully exploit the capabilities of 2D MoS2 
and WS2 as a field emitter, the nanosheets should be oriented perpendicular to the 
substrate surface to expose the sharp edges and so that the planes of highest 
conductivity are along the direction of electron emission. Aside from forming 
nanostructures such as nanotubes and nanoflowers, orientation of the TMD nanosheets 
can also be tuned by fabrication on a microtip array. One example of this is the 
fabrication of MoS2 films on W tip substrates by PLD.
68 The resulting structure was 
found to deliver a large emission current density of ∼30 mA cm-2 at a relatively lower 
applied voltage of ∼3.8 kV, which makes it promising as an intense point source for 
electrons.  
More recently, interests have shifted to exploring the field emission properties 
of MoS2 and WS2-based composites
68-70. Using a hydrothermal method, Rout et al.68 
synthesized layered WS2-RGO composites that exhibited much improved field 
emission performance over that of pristine WS2 and RGO sheets. Fu et al.
69 also 
fabricated both MoS2- and TiO2-based MoS2/TiO2 heterojunctions that possess lower 
turn-on fields compared to the bare TiO2 and MoS2 structures. Similarly, MoS2/ZnO 





composites were shown to demonstrate lower turn-on field values than that of pure 
MoS2 nanoflowers.
70 These results clearly show that hybridizing MoS2 or WS2 with 
other materials can produce a synergistic effect that leads to improved field emission 
performance. It is also clear that 2D MoS2 and WS2 have amazing potential for FE 
applications. However, current research in this area is still very limited and further 
progress would be needed before practical implementation can be achieved.  
 
1.5 Motivations and Objectives 
 It can be seen from the above literature that despite numerous studies on MoS2 
and WS2 fabrication, the controlled synthesis of highly crystalline atomic layers is still 
a challenge for commonly utilized exfoliation and chemical synthesis methods. In 
addition, information on the effectiveness of physical vapour deposition techniques 
such as pulsed laser deposition (PLD) and sputtering for growth of ultrathin TMDs is 
still greatly lacking, and there is inadequate understanding of the growth mechanism of 
MoS2 and WS2 using these synthesis methods. Such fundamental knowledge on the 
growth mechanisms is crucial to developing new methods and fine-tuning processes to 
produce MoS2 and WS2 flakes of the highest quality and appropriate dimensions. In 
terms of applications, some efforts have been channelled into investigating MoS2- and 
WS2-based materials as novel field emitters. However, there are still many gaps in the 
research and the potential of MoS2 and WS2 in field emission applications have yet to 
be fully explored. As such, there are six objectives that this project seeks to achieve: 
 
(1) Fabricate highly crystalline 2D MoS2 and WS2 using physical deposition 
methods of PLD. 





(2) Understand the growth mechanism of MoS2 and WS2 by PLD. 
(3) Investigate the field emission properties of MoS2- and WS2-based emitters 
grown by PLD. 
(4) Fabricate MoS2-CNT and WS2-CNT heterostructures by sputtering. 
(5) Understand the growth mechanism of MoS2 and WS2 on CNT arrays by 
sputtering. 
(6) Study the field emission properties of MoS2-CNT and WS2-CNT 
heterostructures grown by sputtering.   
 
By achieving the above objectives, this work presents alternative pathways for 
the fabrication of high quality 2D MoS2 and WS2 and also contributes to a deeper 
understanding of the growth mechanisms of MoS2 and WS2 synthesized by PLD and 
sputtering. Through the fabrication and investigation of MoS2- and WS2-based field 
emitters, this work also contributes to current efforts to develop next generation field 
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In this chapter, the principles behind each experimental technique used will be 
described. The techniques used for thin film deposition will be detailed in section 2.1, 
whereas section 2.2 describes the method used to fabricate vertically aligned multi-
walled CNTs. Lastly, material characterization techniques will be detailed in section 
2.3. 
 
2.1 Thin Film Deposition Techniques 
2.1.1 Magnetron Sputtering 
Sputtering is a physical vapour deposition (PVD) method used to make films of 
metals, semiconductors, alloys and other compounds. This involves the ejection of 
material from a target (cathode) by bombarding it with energetic ions and transporting 
the material to condense onto a substrate (anode) such as a silicon wafer. The ions are 
typically argon (Ar+) and are produced in a glow discharge plasma within a vacuum 
chamber at a base pressure of 10-6 Torr. Secondary electrons produced as part of the 
bombardment process also play a part in sustaining the plasma.1 The technique can be 
used with a direct current (DC) or radio frequency (RF) voltage source. DC sputtering 
is unsuitable for insulators as it causes positive charge to accumulate on the target, 
which repels the positively charged Ar+ ions and thus halts the sputtering process.22 
Switching to an RF source however, allows the sputtering of insulators and operation 
at lower Ar pressures, leading to less collisions and better line-of-sight deposition.3 





Unlike conventional sputter deposition, magnetron sputtering uses an applied 
magnetic field to increase the sputtering rate.2 The magnetic field, which is applied 
perpendicularly to the electric field, constrains the motion of the electrons to around the 
surface regions of the target. This increases the probability of electron-atom collision, 
resulting in higher ionization ratios and the production of a dense plasma near the target 
surface, all of which contribute to higher deposition rates. A schematic diagram of a 
magnetron sputtering system is shown in Figure 2.1. In this work, a Denton-Discovery-




Figure 2.1: Schematic diagram of a typical RF magnetron sputtering system.4 
 





2.1.2 Pulsed Laser Deposition (PLD) 
Pulsed laser deposition is a type of PVD technique that has been effectively 
used to fabricate thin films of technological interest such as diamond-like carbon, 
ceramics, superconductors and nanostructured materials.5-7 It owes its versatility to the 
many laser parameters such as substrate temperature, target-to-substrate distance, as 
well as laser fluence and repetition rate, that can be tuned and which exert great 
influence on the properties of the resulting products.8 Among the advantages to using 
PLD for thin film deposition is the ability to grow high quality films, to ablate any 
material and to obtain a stoichiometric transfer of target material onto the substrate,8 
which is especially useful in the case of composite materials such as MoS2 and WS2. In 
addition, PLD offers relatively high deposition rates, typically ~100 Å/min, while the 
use of an external energy source results in very clean processes that allow for deposition 
to in either inert or reactive background gases.9  
PLD technology is based on the irradiation of a solid target by a focused pulsed 
laser beam. If the energy density is sufficiently high, decomposition of the target occurs 
and results in the formation of a plasma cloud (plume) composed of electrons, atoms, 
ions, molecules, and in some cases, droplets and target fragments4. The plasma cloud 
then expands, either in vacuum or in a gaseous environment, and condenses on a 
substrate. Common laser sources include ArF (λ = 193 nm), KrF (λ = 248 nm) and 
Nd:YaG (λ = 355 nm).10-12 The typical pulse duration of such lasers is in the nanosecond 
range. However, the use of femtosecond PLD, which utilizes a laser wavelength of 800 
nm, has recently been explored due to its higher ablation efficiency and ability to 
eliminate the formation of droplets that commonly occur in the nanosecond regime, 
resulting in higher quality films.13  






Figure 2.2: Schematic diagram of PLD.4 
 
 
Figure 2.3: Top-view image of the PLD chamber during laser ablation. 
 
The PLD system is shown schematically in Figure 2.2, with the major 
components including an excimer laser source, an ultrahigh (UHV) vacuum deposition 
chamber equipped with a rotating target and a fixed substrate holder, and vacuum 
pumps. The laser pulses are guided by several optical lenses before entering the 
chamber through the window and striking the target. In this study, a KrF Lambda 





Physik Compex 205 laser was used. The substrates were attached with the surface 
parallel to the target at a separation distance of 5 cm. Figure 2.3 depicts a top-view 
image of the PLD chamber, in which the plasma cloud formed during laser ablation can 
clearly be seen. 
 
2.2 Carbon Nanotube Fabrication Methods 
2.2.1 Plasma Enhanced Chemical Vapour Deposition (PECVD) 
Plasma enhanced chemical vapour deposition (PECVD) is a process used to 
deposit thin films on a substrate by transformation from a gaseous to a solid state. As 
with all CVD techniques, chemical reactions are involved in the process. The plasma is 
generally created by RF or DC discharge between two electrodes at pressures of a few 
mTorr to a few Torr. Due to energy supplied from the created plasma, decomposition 
of the reacting gases and subsequent growth of the films can occur at much lower 
temperatures compared to conventional CVD.14 The technique also provides the 
advantages of good adhesion and uniformity of thin films, in addition to good step 
coverage and low pinhole density.15 Aside from thin films, PECVD has also been used 
to fabricate nanostructures such as CNTs. The application of an electric field in PECVD 
allows the growth of individual, free-standing, and vertically-oriented CNTs, whereas 
in thermal CVD, any marginal alignment observed is simply due to nanotubes 
supporting each other by van der Waals forces.15 In this work, PECVD was used to 
grow vertically aligned multi-walled CNTs. 
 





2.3 Materials Characterization 
2.3.1 Scanning Electron Microscope (SEM) 
The scanning electron microscope (SEM) is an imaging technique for surface 
and subsurface analysis of solid materials. Images of a sample are produced by raster-
scanning it with a focused beam of electrons, which interact with atoms in the sample 
to produce signals that contain information about the sample’s surface topography and 
composition. The electron source is either a tungsten filament (thermionic emission), 
Lanthanum Hexaboride (LaB6) or a field emission gun (FEG).
16
 In this work, surface 
images were obtained via a Zeiss Supra 40 field emission SEM. 
In standard detection mode, secondary electrons are emitted from very close to 
the specimen surface.17 Consequently, SEM can produce very high-resolution images 
of a sample surface, revealing details less than 1 nm in size.18 The images appear 3-
dimensional due to the small angular aperture of the electron probe that results in a 
large depth of field. In addition, a setup that is equipped with energy dispersive 
spectroscopy (EDX) capabilities is able to provide information on the elemental 
composition of a sample by analysis of the characteristic X-rays emitted when the 
sample is irradiated by an electron beam.17 
SEM imaging is typically carried out under vacuum because the presence of gas 
molecules results in the rapid spreading and attenuation of electron beams. Samples 
must also be electrically conductive to avoid charging, which often results in distortion 
of the acquired images. This is achieved by pre-sputtering non-conductive samples with 
a thin layer of gold.  
 





2.3.2 Transmission Electron Microscope (TEM) 
Transmission electron microscopy (TEM) is an imaging technique in which a 
beam of electrons is transmitted through an ultra-thin sample. The electrons interact 
with the 3-dimensional sample as they pass through it to form a 2-dimensional projected 
image that is magnified and focused onto a fluorescent viewing screen.19 Darker areas 
of the generated image indicate areas that allow fewer electrons to transmit i.e. regions 
of greater thickness or density. Aside from an electron gun, a TEM also requires an 
electromagnetic lens to focus and accelerate the generated electrons, an objective lens 
to focus the generated image, and a sensor such as a charge-coupled device (CCD) 
camera. The point-to-point resolutions of TEM is typically reported to be 0.2 nm, but 
recent advances in aberration correction have resulted in higher resolutions of up to 0.5 
Å.20 This enables the user to examine fine details, even ones as small as the arrangement 
of individual atoms.  
  As with SEM, TEM imaging is carried out in a vacuum environment. In 
addition, samples must be thin enough to transmit electrons. Loose powder samples 
such as nanotubes are supported on specially designed copper grids and can be viewed 
directly without need for other preparation. Other samples such as thin films however, 
require mechanical polishing and ion milling to achieve a suitable thickness before 
viewing can be conducted.  
 
2.3.3 Atomic Force Microscopy (AFM) 
Atomic-force microscopy (AFM) is a type of scanning probe microscopy with 
resolutions on the order of fractions of a nanometre. It consists of a cantilever with a 
sharp tip (probe) that is raster-scanned over the sample surface to obtain a 3-





dimensional surface map. The vertical and lateral deflections of the cantilever are 
measured by reflecting a laser beam off the back of the cantilever, which then strikes a 
position-sensitive photodetector, as shown in Figure 2.4. The probe tip is typically 15-
40 nm in diameter and made from silicon or silicon nitride.21 The AFM can be operated 
under ambient conditions and in a number of modes, such as contact or tapping mode. 
In tapping mode, the cantilever is oscillated at or near its resonance frequency and only 
contacts the sample intermittently. Tapping mode generally lessens the damage done to 
the sample surface and probe tip compared to contact mode due to the shorter duration 
of applied force.21 In this work, a Digital Instruments, Nanoscope III, Multimode AFM 
was used to characterize the thin films produced. 
 
 
Figure 2.4: Typical AFM schematic.22 
 
 





2.3.4 Raman Spectroscopy 
Raman spectroscopy is a technique used to obtain information on molecular 
vibrations that can be used for sample identification and quantitation.23 It is fast, non-
destructive and can be conducted under ambient conditions for solids, liquids, powders 
and films. The technique involves irradiating a sample with a monochromatic light 
source or laser in the visible, near infrared, or near ultraviolet range, which interacts 
with the sample to cause excitation of the molecules to a virtual energy state. When the 
molecules relax, they emit photons that are then collected by a detector. Depending on 
the nature of the interaction, either Rayleigh or Raman scattering can occur.24 In the 
former, no exchange of energy occurs and both the incident and scattered photons have 
the same frequency. If the molecules relax to a different vibrational state however, the 
energies of the scattered photons are shifted either up or down compared to their initial 
states. This is known as Raman scattering. In the case where the final vibrational state 
of the molecule is higher, the scattered photon has lower frequency (Stokes shift). 
Conversely, if the final vibrational state of the molecule is lower, then the scattered 
photon will have a higher frequency (Anti-Stokes shift). The different types of light 
scattering are illustrated in Figure 2.5. 
The energy difference between the incident and scattered photon corresponds 
to the energy difference between two resonant states of the material and provides 
information on the sample. Plotting the intensity of this scattered light as a function of 
its frequency difference to the incident photons results in a Raman spectrum. In this 
project, two Raman setups were utilized: a Renishaw Raman spectrometer 2000 and a 
Horiba MicroRaman HR Evolution System, both using an Argon laser beam with 
excitation wavelength of 514.5 nm. 






Figure 2.5: The three possible types of light scattering that occur during the interaction 
of photon and matter in Raman spectroscopy. 
 
2.3.5 Photoluminescence (PL) Spectroscopy 
Photoluminescence (PL) is a non-destructive optical technique used for probing 
the electronic structure of materials. It is also sensitive to impurities and defects that 
affect material quality and device performance. The technique involves the excitation 
of electrons to higher electronic states by photon absorption and the subsequent 
spontaneous light emission when a sample is irradiated with photons.25 PL can be 
divided into two categories based on the time period between absorption and emission 
of photons. Fluorescence is typically a fast process, with the average lifetime of an 
electron in the excited state lasting only 10–5-10–8 s, whereas for phosphorescence the 
average lifetime can be up to minutes or hours.26 
Photoluminescence spectra are recorded by measuring the intensity of emitted 
radiation as a function of either the excitation wavelength or the emission wavelength. 
An emission spectrum is obtained by using a fixed wavelength to excite the sample 
while monitoring the intensity of emitted radiation as function of wavelength.26 In this 





project, a Perkin-Elmer fluorescence spectrometer LS 55 with excitation wavelength of 
514 nm was used.  
 
2.3.6 Laser Induced Breakdown Spectroscopy (LIBS) 
Laser-induced breakdown spectroscopy (LIBS) is an atomic emission 
spectroscopy technique that uses highly energetic laser pulses to induce sample 
excitation.27,28 The interaction between the focused laser pulses and the sample creates 
a plasma plume composed of ionized matter that can provide chemical information on 
virtually any kind of material, be it solid, liquid or gas. If the composition of a sample 
is known, LIBS can be used to analyse the relative abundance of each constituent 
element, or to detect the presence of impurities. In principle, LIBS can detect all 
elements, limited only by the laser power and the sensitivity and wavelength range of 
the spectrometer.  
The working principle of LIBS is shown schematically in Figure 2.6. In (1), a 
pulsed laser beam is focused onto a small area on the surface of the sample. When the 
laser is discharged, radiation energy is locally coupled on the sample surface (2) and 
the material starts to evaporate (3), generating a plasma plume with temperatures in 
excess of 100,000 K (4). This leads to excitation of the ablated material and their 
spontaneous emission of radiation. The plasma then breaks down and emits element-
specific radiation (5)–(7) that is resolved spectrally and is detected by a spectrometer. 
If the sample is solid, a crater is formed (8).28 In this work, the laser beam pulses were 
supplied by the PLD system (KrF Lambda Physik Compex 205) whereas the optical 
emission spectra of the laser induced plasma were measured using a multichannel 
Ocean Photonics USB4000 spectrometer. 







Figure 2.6: Principle of laser-induced breakdown spectroscopy. LB = incoming laser 
beam, S = sample, H = region of energy deposition, V = material vapour, P = plasma, 
E = element-specific emission, CR = crater, PT = particles.28 
 
2.3.7 X-ray Photoelectron Spectroscopy (XPS) 
X-ray photoelectron spectroscopy (XPS) is a surface-sensitive spectroscopic 
technique that measures the elemental composition and chemical state of the elements 
that exist within a material. It has a detection limit of approximately 0.5 at%.29 The 
technique is capable of detecting all elements except helium and hydrogen because both 
elements have only valence electrons (XPS is optimized towards core electrons) and 
both have photoelectron cross-sections that are too small for emission.30 XPS spectra 





are obtained by bombarding the surface of a material with a beam of X-rays. With 
sufficient energy, the X-ray photon can excite the core electrons of the atoms in the 
sample and result in the ejection of photoelectrons. The kinetic energy of these escaping 
photoelectrons are then measured and converted to binding energy using the formula,29 
𝐸𝐵 = ℎ𝑣 − 𝐸𝐾 − ∅𝑠𝑝𝑒𝑐 
where 𝐸𝐵 is the binding energy of the photoelectron, ℎ is Planck’s constant, 𝜐 is the 
frequency of the X-ray photon, 𝐸𝐾 is the kinetic energy of the photoelectron and ø𝑠𝑝𝑒𝑐 
is the work function of the spectrometer. This binding energy is characteristic of an 
element and its oxidation state. 
XPS experiments must be conducted in an ultra-high vacuum environment to 
avoid adsorption of gaseous molecules on the sample surface and to prevent scattering 
of the ejected photoelectrons, which results in loss of analytical information. It is also 
possible to pre-clean the sample surface by argon sputtering to remove any oxides or 
contaminants. When irradiated by X-rays at a take-off angle of 90º, the photoelectrons 
are detected from a depth of approximately 10 nm.31 This sampling depth can be 
decreased by reduction of the take-off angle, thus providing depth profile information 
on the material. This technique is known as angle-resolved XPS (ARXPS) and can give 
a sampling depth as low as 1 nm for a take-off angle of 15° (Figure 2.7). In this project, 
a Kratos Analytical Axis UltraDLD UHV spectrometer with a monochromatised Al Kα 
x-ray source (1486.6 eV) was used for XPS measurements. 
 
(2.1) 






Figure 2.7: Difference in sampling depth between XPS and angle-resolved XPS. 
 
2.3.8 X-ray Diffraction (XRD) 
X-ray diffraction (XRD) is a rapid analytical technique primarily used for phase 
identification of a crystalline material and analysis of unit cell dimensions. It can also 
provide other material information such as the degree of residual stress and strain. XRD 
is still the chief method by which the atomic structure of new materials are 
characterised.  
Diffraction effects are observed when X-rays impinge upon a crystalline 
material because the wavelengths of X-rays are typically the same order of magnitude 
(1–100 Å) as the spacing between planes in a crystal.32 Of the different interactions 
between X-rays and matter, three types play an important role: the photoelectric effect, 
the inelastic Compton scattering, and the elastic Thomson or Rayeigh scattering.32 In 
the photoelectric interaction, a photon transfers all of its momentum and energy to one 
of the bound electrons of an atom, which is then ejected as a free electron. Another 
inelastic process, the Compton interaction, occurs when only a portion of the photon 
energy is transferred to the electrons in an atom. In the third type of interaction, the 





electrons in the crystal oscillate at the frequency of the incoming X-ray and emits dipole 
radiation in an elastic scattering process termed Thomson scattering. It is the Thomson 
component that is utilised in XRD analysis. In principle, the waves are scattered in all 
directions and peaks are observed only when the scattered X-rays interfere 
constructively according to Bragg's law,32 
𝑛𝜆 = 2𝑑 sin 𝜃 
where 𝑑 is the spacing between planes, 𝜃 is the incident angle, 𝑛 is any integer, and 𝜆 
is the wavelength of the beam. 
XRD analysis is divided into two primary types: powder diffraction and single-
crystal XRD. In the former, a finely ground and homogenized sample is required for 
structural characterization, most commonly for phase and compositional 
identification.33 As its name suggests, single-crystal XRD works best with single, well-
ordered crystals and is most commonly used for precise determination of unit cell 
dimensions and positions of atoms within the lattice. In this work, a Bruker AXS 8 
Advance powder diffractometer and Bruker D8 Advanced thin film diffractometer, 
both with a Cu Kα x-ray source (λCuKα = 1.54056Å), was used.  
 
2.4 Device Testing 
2.4.1 Field Emission (FE) 
(1) Parallel Plate Setup 
Field emission studies of MoS2-CNT samples were carried out using a 
parallel-plate device at room temperature and at a base pressure of 3 × 10-6 Torr. 
The sample is clamped between an aluminium cathode and a glass slide coated 
(2.2) 





with indium tin oxide (ITO), which functions as the anode. The cathode and 
anode are separated by a 100 μm thick polymer film spacer on which a hole 
with fixed area was fashioned to define the total emission area. Actual emitter-
to-anode distance was calculated by subtracting the height of the CNTs from 
100 μm. During testing, the voltage was incrementally increased until the 
current produced is above a pre-defined limit. In this setup, the turn-on field is 
defined as the electric field strength required to produce a current density of 10 
μA cm-2. The current-voltage relationship was obtained by applying a DC 
voltage across the sample and anode. Readings were taken using a Keithley 237 
voltage source and current measurement unit. A schematic diagram of the setup 
is shown in Figure 2.8. 
 
Figure 2.8: Schematic of parallel plate field emission setup. 
 
(2) Probe Tip Setup 
Field emission studies of all other samples were carried out using a 
probe tip setup. Compared to the parallel plate arrangement, the anode used in 
a probe tip field emission tester is a tungsten tip. In addition, the anode-cathode 
distance can be varied within the range of 0–100 μm. In this setup, the turn-on 





voltage is defined as the voltage required to produce a current of 1 μA. A 
schematic diagram of the setup is shown in Figure 2.9. 
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Pulsed Laser Fabricated Few-Layer MoS2 on 
Metal Substrates 
In this chapter, pulsed laser deposition (PLD) is used to fabricate few-layer 
MoS2 on metal substrates. The influences of cooling rate and laser energy on MoS2 
growth on Ag metal are investigated in Section 3.2. In Section 3.3, the feasibility of 
Ag, Al, Ni and Cu as templates for MoS2 synthesis by PLD is explored and growth 
mechanism of MoS2 on these metals elucidated. In section 3.4, the field emission 
properties of PLD-grown MoS2 on Ag and Al nanocones are studied. 
 
3.1 Introduction 
One significant challenge in current MoS2 research is the fabrication of high 
quality ultrathin films. While mechanical exfoliation using adhesive tape1,2 produces 
single-crystal flakes of high purity and cleanliness that are suitable for fundamental 
characterization, the technique is time consuming and not scalable, thus making it 
unsuitable for industrial use. Other conventional “top-down” techniques such as solvent 
based exfoliation3,4 produce flakes that are too small for device fabrication, whereas 
lithium intercalation techniques5 suffer from physical and electronic changes to the 
crystal structure. In addition, all the above mentioned techniques do not allow for 
rational control over the shape and thickness of the resulting flakes, which is crucial for 
a material such as MoS2 in which its properties vary with thickness.
6 The most common 
bottom-up technique used to fabricate 2D TMDs such as MoS2 is chemical vapour 





deposition (CVD), which has so far been very successful at producing large-area MoS2 
on insulating substrates such as SiO2, mica and sapphire.
7-11 This technique generally 
requires elevated process temperatures in the range of 650-1000 ºC as well as long 
growth times, which may not be economical for large scale industry processes. And 
compared to CVD graphene, it is more challenging to obtain crystalline atomically thin 
MoS2 with controlled number of layers by CVD.
12 This is because the geometry, 
thickness, and crystallinity of graphene can be regulated by suitable catalyst design, but 
no catalyst is involved in the growth of MoS2. Consequently there is growing focus 
towards alternative synthesis methods for ultrathin MoS2.  
The majority of MoS2 research has so far been focused on insulating substrates, 
and there is very limited information and studies on the synthesis of few-layer MoS2 
using alternative growth templates such as metals. While the use of insulating substrates 
is necessary to study the electronic properties of MoS2, metal substrates have their own 
set of advantages, including but not limited to a reduction in growth temperatures13 and 
the ease of producing metal-semiconductor contacts without film transfer. It has 
furthermore been demonstrated that the introduction of a metal support can 
substantially alter the H binding energy of MoS2 in hydrogen adsorption tests,
14 enabled 
by charge transfer from the substrate to the overlying film and through strong metal-
MoS2 interaction at the interface. Metal supported MoS2 could thus potentially be used 
as novel catalysts for hydrogen production. Certain metals such as Ti have furthermore 
been shown through DFT calculations to hybridize strongly with monolayer MoS2 d-
band orbitals when the two materials come into contact, resulting in destruction of the 
band structure of MoS2.
15,16 This means that the region of MoS2 beside the metal 
becomes metalized and the Schottky barrier at the interface disappears, leading to the 





formation of low resistance Ohmic contacts that strongly favours electron transfer from 
the metal to MoS2, which is very promising for future high performance electronics. 
In this chapter, few-layer MoS2 was fabricated using pulsed laser ablation 
(PLD) of solid targets at a relatively low temperature of 500 ºC. PLD has been 
effectively used to fabricate thin films material such as diamond-like carbon, ceramics, 
superconductors and nanostructured materials.17-20 It owes its versatility to the many 
laser parameters such as laser fluence and repetition rate that can be tuned and which 
exert great influence on the properties of the resulting products. Among the advantages 
to using PLD for thin film deposition is the ability to grow high quality films, to ablate 
any material and to obtain a stoichiometric transfer of target material onto the substrate, 
which is especially useful in the case of composite materials such as MoS2. In addition, 
the generation of charged energetic species that can penetrate into the substrate allows 
for a reduction in growth temperatures and fabrication times. For example, Koh et al.13 
utilized PLD to successfully synthesize few-layer graphene on metal substrates at much 
lower temperatures of 750 ºC as compared to epitaxial growth of graphene on SiC, 
which requires temperatures in the range of 1000-1600 ºC. But despite the effectiveness 
of PLD in graphene synthesis, it has yet to be explored as a technique for growing other 
2D layered materials. In addition, little is known concerning the mechanism and 
parameters affecting film growth of MoS2 when using energetic source atoms and 
physical synthesis methods. For PLD fabricated graphene, it has been found that the 
film is produced via segregation of carbon atoms onto the surface after being implanted 
into the metal,21 but the situation is more complicated with MoS2 due to the presence 
of multiple species as the source atoms, and the high chemical reactivity of sulfur with 
various metals.  





In section 3.2, we investigate the effects of different cooling rates and laser 
energies on the crystalline quality and thickness of few-layer MoS2 grown on Ag 
substrates by PLD. The viability of various other metals to act as the growth template 
for few-layer MoS2 growth by PLD is then studied in section 3.3. The metals chosen 
were Al, Ag, Ni and Cu. As sapphire (α-Al2O3) substrates have been demonstrated11 to 
successfully produce ultrathin MoS2 by CVD, it would be interesting to see if similar 
results can be replicated using pure Al metal films and solid MoS2 sources in PLD. Ag, 
Ni and Cu were chosen for their reactivity with sulfur to form metal sulfides, which are 
thought to be beneficial to the growth of highly crystalline MoS2 due to the minimal 
lattice mismatch between two sulfide compounds.  
The good electrical conductivity and mechanical robustness of 2D TMDs such 
as MoS2 render them promising candidates for next generation field emitters. However, 
most bottom-up fabrication techniques result in lateral growth of MoS2 layers whereas 
top-down techniques such as exfoliation produce flakes that are oriented parallel to the 
substrate surface. This flat profile and smooth surface prevents good external field 
enhancement, which can lead to extremely high turn-on fields or even no electron 
emission whatsoever. For example, planar surfaces have been reported to exhibit turn-
on fields as high as 500–1000 V μm-1.22 Such high electric fields are undesirable as it 
may cause vacuum breakdown or electrical discharge.23 Thus, in order to build effective 
field emitters, 2D sheets of MoS2 should be oriented such that sharp edges are exposed, 
preferably perpendicularly to the substrate. For example, Kashid et al.24 used liquid 
exfoliation in hexane to fabricate MoS2 nanosheets with exposed edges that exhibited 
low turn-on fields of 3.5 V μm-1. Synthesizing three-dimensional (3D) structures such 
as nanoflowers have also been shown to be effective at improving field emission 
performance due to the numerous exposed sharp tips.25 Aside from the above methods, 





orientation of MoS2 nanosheets can also be tuned by fabrication on a microtip array. 
Late et al.26 fabricated MoS2 films on W tips by PLD that, due to the presence of 
nanometric protrusions on the surface, were able to produce a large emission current 
density of ∼30 mA.cm-2 at an applied voltage of ∼3.8 kV. 
In section 3.4, MoS2-coated Ag and Al nanocones were fabricated by PLD and 
investigated for field emission capability. Due to the reduced growth temperatures used 
for PLD grown MoS2 as compared to CVD, the probability of the metal nanocones 
undergoing significant diffusion and reflow during the heating process is lower and thus 
the conical structures can be preserved. In addition, the MoS2 layers were grown 
directly on the metal nanocones and thus avoided the issues associated with 
conventional PMMA-mediated transfer technique such as incomplete transfer and 
failure to completely remove polymeric residues that can adversely affect the electron 
transport properties of MoS2. Field emission studies were carried out on the MoS2-













3.2 Few-layer MoS2 on Silver 
3.2.1 Experimental Procedure 
Synthesis: Ag films of approximately 600 nm thickness were sputtered onto 
normal doped Si substrates using radio-frequency (RF) magnetron sputtering system 
Denton-Discovery-18 at a working pressure of 10-2 Torr and RF power of 100 W. The 
Ag substrates were subsequently transferred to a KrF (λ = 248 nm) Lambda Physik 
excimer PLD system, which was evacuated to 2 × 10−6 Torr. A MoS2 target (99.9% 
purity) was ablated with a laser energy of 50 mJ, a pulse duration of 25 ns and a 
frequency of 10 Hz. Duration of target ablation was 10 s to limit the amount of MoS2 
supplied to the substrate to < 5 nm. The laser spot size was 1 mm2 and the target was 
rotated at a speed of 6 rpm with the laser ablating a circular outline of 2 cm in radius. 
Substrate temperature was kept at 500 °C during ablation. After deposition, cooling was 
conducted at different rates of 1 ºC and 50 °C/min until the temperature reached 300 
ºC, whereupon natural cooling processes took over. To compare the effects of laser 
energy, a cooling rate of 50 °C/min and laser energies of 30, 40, 50, 100, and 200 mJ 
were used. The fabrication temperature of 500 ºC was selected as it is optimal for 
growth of ultrathin MoS2 films by PLD; any lower and the crystalline quality decreases 
because the atoms do not have sufficient thermal energy to rearrange themselves into a 
periodic configuration, higher temperatures only provide minimal increase in 
crystallinity, whereas temperatures > 700 ºC promotes the reaction of molybdenum 
with oxygen. 
Characterization: The optical properties of as-deposited samples were 
characterized using a Perkin-Elmer fluorescence spectrometer LS 55 with excitation 





wavelength of 514 nm, and a Renishaw Raman spectrometer 2000 with laser of 
wavelength 514.5 nm. The Raman laser beam had a spot size of 1 μm and was focused 
using an optical microscope at 50× magnification. Surface composition was analysed 
by XPS using a Kratos Analytical Axis UltraDLD UHV spectrometer with a 
monochromatized Al Kα x-ray source (1486.6eV) scanning a spot size of 700 μm by 
300 μm. Core-level XPS spectra were obtained at a take-off angle of 90º and 15° 
measured with respect to the sample surface at a vacuum of 5 × 10-9 Torr. Cross-
sectional TEM images of the samples were taken using a JEOL JEM-2010F TEM (FEG 
source) operated at an accelerating voltage of 200kV. 
 
3.2.2. Cooling Rate Effects on MoS2 Growth 
Figure 3.1(a) shows the Raman spectra of as-grown samples excited by a 514.5 
nm line under ambient conditions. The spectrum of bulk MoS2 is also included for 
comparison. The characteristic Raman modes E12g and A1g of 2H-MoS2 are observed 
for all samples, occurring at 379.1 cm-1 and 404.8 cm-1 respectively for bulk MoS2.
6 
The frequency difference between the E12g and A1g peaks can be used to reliably 
identify the number of layers in ultrathin MoS2 with ≤ 4 layers.27,28 With increasing 
sample thickness, the E12g mode red-shifts while the A1g vibration blue-shifts until the 
frequencies of both modes converge to the bulk values for films with five or more 
layers. Based on the values of 𝐴1𝑔 − 𝐸2𝑔
1  for all samples as listed in Table 3.1, it can be 
seen that few-layer MoS2 was formed when the laser energy used was 50 mJ or lower. 
The E12g and A1g peaks of our samples were consistently broad (9 ~ 12 cm
-1) compared 
to mechanically exfoliated samples, which typically have FWHMs in the range of 2 ~ 
6 cm-1.6,27 This can be attributed to thickness inhomogeneity in the deposited film. The 





presence of possible defects may also result in phonon confinement effects that 
contribute to the broad peaks.29  
In addition to the Raman shift, atomically thin MoS2 exhibits unique optical 
properties due to the transition from an indirect to direct-bandgap semiconductor. 
Figure 3.1(b) displays the photoluminescence (PL) spectra of our laser-fabricated few-
layer MoS2. Pronounced emissions are observed at wavelengths of approximately 670 
and 615 nm, labelled A and B respectively. These two peaks have been well established 
to be the direct excitonic transitions of the K point of the Brillouin zone.30 The 
prominent band gap photoluminescence suggests that the as-deposited MoS2 sheets 
possess good structural integrity and sufficiently low density of defects that may inhibit 
luminescence. There is a slight red-shift of the wavelength of the A transition with 
fewer layers, in agreement with previous reports.2,6 The thinnest sample (50 mJ) also 
exhibits the strongest PL signals, with the emission intensity gradually decreasing with 
an increase in the number of layers. This reduction in PL intensity is attributed to the 
transition from a direct to indirect bandgap as the thickness of MoS2 increases, but can 
also be partially caused by the substrate effect. For metallic substrates such as Au and 
Ag, the overlying MoS2 PL intensity can be affected by the presence of additional non-
radiative paths for exciton recombination such as charge transfer processes and dipole-
dipole interactions,31,32 leading to a gradual reduction in PL intensity with increasing 
thickness as documented by Buscema et. al33 for few-layer MoS2 on gold. In addition, 
it is known that SiO2 substrates can reduce PL emission intensity by scattering and 
interference effects with surface optical phonons.34 Thus, as the number of layers 
increase, the interference effects from the SiO2 substrate can lead in a greater rate of 
quenching of the MoS2 PL intensity compared to metallic substrates.  





The 2-3 layers in the 50 mJ sample as predicted by the Raman spectrum can be 
directly observed from the TEM images shown in Figure 3.2, in which the lattice fringes 
on the surface of the Ag film are separated by 0.65 nm, confirming the presence of 
MoS2. Optical images of the sample are displayed in the inset (b), showing that the 
MoS2 film has uniform coverage over the entire surface. The lattice fringes with 
interplanar spacings of approximately 0.27 nm present just below the Mos2 layer can 
be ascribed to the (120) plane of monoclinic Ag2S [JCPDS #14-0072]. 
 
 
Figure. 3.1: (a) Raman and (b) photoluminescence spectra of as-grown samples 
fabricated using different laser energies. In (a) the left and right dashed lines indicate 
the positions of the E12g and A1g peaks in bulk MoS2 respectively. 
 
 
Table 3.1: Summary of the E12g and A1g peak frequencies from as-grown samples 
fabricated using different laser energies. A single data represents the average value from 








𝟏   
(cm-1) 
Estimated 
Number of Layers 
30 403.6 379.8 23.8 3-4 
40 402.8 380.1 22.7 2-3 
50 402.4 380.2 22.2 2-3 





100 403.7 379 25.7 >4 
200 404.7 379.1 25.6 >4 




Figure 3.2: Cross-section TEM showing (a) MoS2 layers above Ag. Inset (b) is an 
overview optical image showing uniform coverage of the deposited film. (c) Higher 
magnification TEM images showing the Ag lattice fringes. 
 
The Mo 3d, S 2s, and S 2p regions of the XPS spectra for the 50 mJ samples 
cooled at 1 ºC/min and 50 ºC/min are depicted in Figure 3.3. The Mo 3d spectra of the 
50 ºC/min sample shows two peaks at 228.7 and 231.9 eV that correspond to Mo4+ 3d5/2 
and Mo4+ 3d3/2 of MoS2 respectively.
7 The presence of a doublet at 231.8 and 235 eV 
consistent with the peaks of Mo6+ species indicates oxidation of Mo. In the S 2p spectra, 
besides the known doublet peaks of MoS2 at 161.9 and 163.1 eV,
7 there is an additional 
doublet at 161.1 and 162.4 eV assigned to the S 2p3/2 and S 2p1/2 peaks of Ag2S. This 
confirms the presence of an Ag2S phase that is observed in the TEM results. Reducing 
the cooling rate to 1 ºC/min results in a decrease in the FWHM of the Mo 3d peaks from 
1.3 to 1.1 eV, indicating increased crystallinity. The Mo4+ 3d doublet is also shifted to 





higher binding energies by 0.3 eV, which suggests a higher degree of sulfurization of 
Mo. This is corroborated by an increase in the stoichiometric ratio of S : Mo from 1.81 
to 1.93 as calculated from the respective integrated peak areas of the XPS spectra.  
 
Figure 3.3: XPS spectra showing Mo 3d, S 2s, and S 2p core level peak regions for the 
50 mJ sample cooled at (a) 50 ºC/min and (b) 1 ºC/min. The dashed lines indicate the 
positions of the Mo4+ 3d peaks in the 50 ºC/min sample. 
 
The differences in the XPS spectra for samples fabricated at different cooling 
rates can be explained in terms of the deposition process and the subsequent cooling. 
When the laser ablates the target, Mo and S atoms with a certain amount of energy are 
ejected. These Mo and S atoms can be deposited onto the surface of the Ag substrate, 





or be implanted in the near-surface regions of the film. Owing to the insolubility of Mo 
in solid silver,35 any Mo atoms implanted in the Ag film will immediately precipitate 
onto the surface of the film. The S atoms on the other hand, react with Ag to form Ag2S 
at the surface regions of the film. Remaining S atoms on the sample surface then react 
with Mo atoms to form MoS2 on top of the Ag2S layer. When cooled at 50 ºC/min, the 
amount of heat was quickly decreased such that the Mo and S atoms are less energetic 
and lacked the mobility to form highly crystalline MoS2. For samples that were cooled 
at 1 °C/min however, the temperature of 500 °C was almost maintained right after laser 
ablation was stopped and close to equilibrium conditions were experienced. Enough 
heat was thus preserved such that the Mo and S atoms had sufficient mobility to 
rearrange themselves to form a more ordered crystalline structure. This less defective 
ordering translates to smaller FWHMs and a shift to higher binding energies of the Mo4+ 
3d peaks in XPS measurements. The resulting MoS2 film also demonstrates a higher 
degree of sulfurization of Mo, and less oxide is formed.  
For MoS2 grown on Ag, there are always excess Mo atoms remaining on the 
surface after MoS2 formation due to the fact that some of the S atoms supplied is 
consumed to form Ag2S. These excess metallic Mo species react with oxygen upon 
exposure to atmospheric conditions to form oxides that sit on top of the MoS2 layer, but 
are not present within the MoS2 structure itself, therefore preserving the integrity of the 
MoS2 structure. This is proven by angle-resolved XPS (Figure 3.4), where the relative 
intensity of the oxide peaks increase significantly from 0.06% to 27% when the take-
off angle is reduced from 90º to 15º. As a low take-off angle gives more surface 
sensitive data, this means that the oxides are present only at the surface regions of the 
sample. The quality of the as-deposited MoS2 film is thus believed to be minimally 
affected by oxide formation.  







Figure 3.4: Mo 3d and S 2s spectra of the 50 mJ, 10s sample measured at take-off 
angles of (a) 90º and (b) 15º.  
 
3.2.3. Laser Energy Effects on MoS2 Growth 
Improved crystallinity in the resulting MoS2 film can also be achieved by 
increasing the laser energy as shown in Figure 3.5. At 200 mJ laser energy, the Mo4+ 
3d doublet in the XPS scans is shifted to higher binding energies by 0.3 eV, and the 
FWHM of the peaks decreases to 1 eV. This is because in the pulsed laser process, 
higher laser energies give rise to more energetic Mo and S atoms, which subsequently 
allow the formation of a more ordered structure within a much shorter cooling time. 
However, the amount of Mo and S atoms supplied during the deposition process would 
also increase with laser energy, leading to the formation of MoS2 films with >4 layers 
when the laser energy is 100 mJ and above. It is nonetheless still feasible to obtain few-
layer MoS2 at higher laser energies by simple modification of the deposition time and 
target-to-substrate distance. 
 






Figure 3.5: XPS spectra showing Mo 3d, S 2s, and S 2p core level peak regions for (a) 
50 and (b) 200 mJ samples cooled at 50 ºC/min. The dashed lines indicate the positions 
of the Mo4+ 3d peaks in the 50 mJ sample. 
 
It has been demonstrated that graphene10 and mica36 can be exploited for 
epitaxial growth of ultrathin thin MoS2 layers owing to their atomically flat surface that 
is free of dangling bonds, in addition to their hexagonally arranged in-plane lattice 
characteristics. In both cases, van der Waals forces and strain relaxation effects at the 
substrate-adlayer interface play a crucial role in the growth of high quality MoS2. This 
is particularly so for graphene due to the large lattice mismatch of ~28% with MoS2. 
The growth of MoS2 on these two substrates, graphene and mica, are thus believed to 





proceed via van der Waals epitaxy. In the case of metallic substrates such as silver 
however, it is proposed that the growth of the MoS2 overlayer proceeds instead by 
conventional epitaxy involving strong chemical bonding and lattice matching at the 
substrate-adlayer interface. This is deduced from in-situ formation of the monoclinic 
Ag2S phase, as confirmed by the XPS results, which would facilitate the growth of the 
MoS2 overlayer by chemical bonding between the sulphur atoms of both materials. And 
unlike with graphene, there is only a small substrate-adlayer lattice mismatch of ~2.6% 
between MoS2 and Ag2S, allowing the growth of the first MoS2 layer on Ag2S to be 
aided by lattice matching effects. Further study would be required to conclusively 
determine whether van der Waals epitaxy or lattice matching effects are pre-dominant 

















3.3 Few-layer MoS2 on Other Metal Substrates 
3.3.1 Experimental Procedure 
Synthesis: Metal films of approximately 600 nm thickness were sputtered onto 
normal doped Si substrate and subsequently transferred to the KrF excimer PLD 
chamber. The laser energies used to ablate the MoS2 target was 50, 100, and 200 mJ, 
while the deposition time was set at 10 and 30 s. All other laser parameters and chamber 
conditions remained the same as those detailed in section 3.2.1. Substrate temperature 
was kept at 500 °C during ablation and subsequently decreased at a rate of 50 ºC/min 
until the temperature reached 300 ºC, whereupon natural cooling processes took over.    
Characterization: The characterization techniques used to study the as-
deposited samples are the same as those detailed in section 3.2.1. 
 
3.3.2 Nanostructural Characterization 
Figure 3.6(a) shows the Raman spectra of the as-deposited film on the various 
metal substrates fabricated using a laser energy of 50 mJ and a deposition time of 10 s. 
Also included for comparison is the spectrum of powder MoS2, consisting of two peaks 




6 The in-plane E12g mode is associated with the opposite vibration of 
two S atoms with respect to the Mo atom in the x-y plane, while the out-of-plane A1g 
mode results from vibration of only S atoms in the z-direction of the unit cell.28 The 
presence and intensity of these two peaks are indicators of the crystallinity of MoS2. 
Based on the Raman spectra of our samples, only Ag was successful in forming 





crystalline MoS2 at this deposition parameters, while the Mo and S atoms on other metal 
substrates either form a more disordered structure or a separate compound altogether.  
For ultrathin MoS2 with ≤ 4 layers, the E12g band blue-shifts while the A1g 
vibration red-shifts with decreasing layer thickness.27 The shift in the A1g peak is 
attributed to stronger interlayer Van der Waals forces with increasing thickness, caused 
by the influence of neighbouring layers that suppress atom vibration.37 For the shift in 
the E12g mode, it is suggested that stacking induced changes in structure or increased 
dielectric screening of long-range Coulomb interactions in multilayer MoS2 are more 
dominant factors. These shifts in Raman peak positions allow reliable identification of 
layer thickness in MoS2 samples with less than five layers. For our MoS2 on Ag 
samples, the E12g and A1g peak positions are determined to occur at 402.4 cm
-1 and 
380.2 cm-1 respectively, indicating an ultrathin film with 2-3 layers.  
 
 
Figure 3.6: Raman spectra of (a) as-grown samples fabricated on different metal 
substrates at 50 mJ and 10 s. The left and right dashed lines indicate the positions of the 
E12g and A1g peaks in bulk MoS2 respectively. 





Crystalline MoS2 was also formed on Al when the deposition parameters was 
adjusted. As shown in Figure 3.7(a), the emergence of the characteristic Raman bands 
at approximately 379 cm-1 and 404 cm-1 indicate that a longer deposition time and 
higher laser energies impart considerable crystal ordering to the MoS2 structure. This 
would suggest that a larger amount of source atoms Mo and S are required for formation 
of a crystalline structure on Al than is needed for Ag substrates. Compared to MoS2 on 
Ag, the Raman peak intensities are much lower and the FWHM slightly wider for MoS2 
on Al, both indicators of multiple defects that degrade film quality. The weak Raman 
signal also makes quantitative analysis of the number of layers in the as-deposited film 
difficult, particularly in the sample grown at 100 mJ laser energy. For the 50 mJ, 30s 
sample, a slight blue-shift of the E12g band can be observed, suggesting the formation 
of a MoS2 film with approximately 3-4 layers. Though neither Ni nor Cu is capable to 
producing even weakly crystalline MoS2, it was observed that at higher laser energies, 
the obtained film on Ni appears to exhibit aggregation or clustering. This is supported 
by the development of broad peak centred at 403 cm-1 when the laser energy reaches 
100 mJ in the Raman spectra of Ni samples, as shown in Figure 3.7(b). 
TEM images of the Ag and Al samples are shown in Figure 3.8. Highly 
crystalline MoS2 of 2-3 layers is imaged as lattice fringes with interlayer spacing of 
0.65 nm on top of Ag in Figure 3.8(a), confirming the results from Raman spectroscopy. 
The interplanar spacings of approximately 0.27 nm present just underneath the layer of 
MoS2 can be ascribed to the (120) plane of monoclinic Ag2S [JCPDS #14-0072]. For 
the Al sample in Figure 3.8(b), which was fabricated at 50 mJ and 30 s, we observe the 
presence of broken lattice fringes of MoS2 on top of an amorphous aluminium native 
oxide coating. The film is clearly only weakly crystalline and appears to be composed 
of 3-4 layers, which is in line with the predictions from the Raman analysis.  






Figure 3.7: Raman spectra of (b) Al samples fabricated using different laser energies 
and deposition times, and (c) Ni samples fabricated using different laser energies. The 





Figure 3.8: (a) Cross-section TEM of (a) Ag sample fabricated at 50 mJ and 10 s. (b) 









Figure 3.9 depicts the high resolution XPS scans of Mo and S for films deposited 
at 50 mJ and for 10 s on Ag, Al and Ni substrates. Two peaks at approximately 228.7 
and 231.9 eV that correspond to Mo4+ 3d5/2 and Mo
4+ 3d3/2 of MoS2 respectively are 
present for all three substrates. In the S 2p spectra, the known doublet peaks of the S2- 
species in MoS2 occurs at 161.9 and 163.1 eV, and is similarly present for all metals. 
This independently confirms that MoS2 and not a different compound forms on Ag, Al 
and Ni. There is an additional S 2p doublet in the Al sample located at 163 and 164.2 
eV, assigned to the binding energies of apical S2- or bridging disulfide S2
2- ligands,38 
and can essentially be attributed to the presence of amorphous sulfur that significantly 
reduces the crystalline quality of MoS2. This pattern of two doublets in the S 2p 
spectrum of MoS2 deposited on Al is consistent throughout different growth conditions, 
and is similar to that of MoS3.
38,39 The obtained film is also considerably oxidized, 
judging by the presence and high relative intensity of peaks consistent with Mo5+ and 
Mo6+ oxidation states. Compared to the Al samples, the MoS2 on Ag substrates are of 
superior crystalline quality; the S 2p doublet of amorphous sulfur is absent and the 
degree of Mo oxidation is much lower, with the stoichiometric ratio of S atoms to Mo 
calculated to be close to the ideal value of 2. The additional S 2p doublet for the Ag 
sample occurs at binding energies of 161.1 and 162.4 eV, which matches well with that 
of the S2- species in Ag2S, confirming the presence of an Ag2S phase that is observed 
in the TEM results. 
The Ni samples exhibit Mo 3d scans that are similar to that of Al, but with lower 
relative intensities of Mo5+ and Mo6+ peaks indicating a lower degree of oxidation. Its 
S 2p high resolution scans on the other hand is a combination of the spectra from Al 
and Ag samples, consisting of three doublets; the first pair contributed by amorphous 
sulfur, the second due to  S2- species of MoS2 and the final doublet appearing at 161.1 





























Figure 3.9: XPS spectra showing Mo 3d, S 2s, and S 2p core level peak regions for (a) 
Ag, (b) Al, (c) Ni and (d) Cu samples fabricated at 50 mJ and 10 s. 





and 162.3 eV is within the range for metal sulfide groups. It can thus be concluded that 
a small amount of Ni-S phase was formed at the growth temperature of 500 ºC. In the 
XPS scans of Cu shown in Figure 3.9(d), we observe that no Mo is detected in the 
sample, with the peak at 226 eV in the Mo 3d scan attributed to S 2s. The S 2p spectra 
contains two doublets, one occurring at binding energies of 161.7 and 162.9 eV and in 
the absence of Mo is matched to S2 of- a Cu-S phase that forms in-situ. The second 





Across the four metals tested, highly crystalline few-layer MoS2 was formed 
only on Ag, but not on Al, Ni and Cu. To understand this phenomenon, we must take 
into account the solubility and chemical reactivity of Mo and S atoms with these metals. 
We consider also that with PLD, the supplied source atoms are energetic and can 
penetrate into the metal layer rather than simply being deposited onto the surface. In 
the case of silver, Mo is insoluble in solid Ag at any temperature,35 while S reacts with 
Ag to form a silver sulphide phase. During the initial growth process, chemisorption of 
S atoms into Ag gives rise to the formation of Ag2S at the surface regions of the 
substrate. The relatively intense XPS signals from the S2- species of Ag2S suggests that 
MoS2 is strongly interacting with the silver substrate through the formation of sulfide 
bonds; Mo atoms that segregate out of silver bind to the sulfur species in Ag2S, in 
addition to unreacted S atoms. The energy supplied by the pulsed laser and by heating 
imparts mobility to the Mo and S atoms that allow them to rearrange into an orderly 
configuration during the subsequent cooling process. Small crystallites of MoS2 





nucleating in the first part of crystallization process are supported and surrounded by a 
soft Ag2S phase matrix, which grants further mobility to the atoms and thus promotes 
grain growth. A schematic diagram of the growth process is shown in Figure 3.10. 
Minimal lattice mismatch (~2.6%) between the (120) plane of Ag2S and the b-axis of 
the MoS2 unit cell (Figure 3.11) further facilitates periodic ordering that gives the 
obtained film its high crystallinity. As laser energy can be increased and cooling rate 
decreased to provide more energetic source atoms, the degree of crystallinity in the 
resulting MoS2 film can be tuned as desired to achieve the optimum value. As 
mentioned in section 3.2.2, it also known that the structural integrity of the as-deposited 
MoS2 film is only minimally affected by the presence of Mo oxides. This was deduced 
from angle-resolved XPS measurements and the fact that the calculated stoichiometric 
ratio of S : Mo in the sample is close the ideal value of 2.  
 
 
Figure 3.10: Schematic diagram of the growth of MoS2 on silver substrates by PLD. 
 






Figure 3.11: MoS2 film on top of (120) plane of Ag2S. Lattice misfit between the two 
phases is calculated to be ~2.6%. 
 
Under atmospheric conditions, Al forms a passivating oxide layer with chemical 
formula Al2O3, which can be clearly observed as a bright amorphous layer in the TEM 
images of Al samples. Mo atoms implanted into the Al substrate subsequently interact 
strongly with the oxide layer through bond formation with oxygen atoms, as shown by 
the prominent peaks from Mo5+ and Mo6+ states in the XPS scans. As Mo atoms are 
initially consumed by oxide formation, there are always excess S atoms on the substrate 
surface that bond to each other to form elemental sulfur. Furthermore, the relatively 
large amounts of molybdenum oxide produced compared to the Ag substrates 
necessitates that greater quantities of Mo and S atoms be supplied before crystalline 
MoS2 can be formed on Al. Hence the reason why the characteristic Raman peaks of 
crystalline MoS2 only appear after longer deposition times of 30s on Al as compared to 
Ag substrates. However, the MoS2 film formed on Al is of poor quality due to the 
uneven surface of the substrate oxide layer and its mostly amorphous nature, which 
creates a high energy barrier to crystallization. On such amorphous substrates nuclei 
are randomly oriented, and there is competition among crystallites that nucleate in 
various orientation during film growth. Consequently coalescence does not occur as it 
is more favourable for crystallites to remain as islands embedded in an amorphous 





matrix rather than form a continuous crystalline film. This leads to the formation of a 
broken, semi-crystalline MoS2 film on top of aluminium. An increase in deposition time 
improves the crystallinity of the film slightly because the first layer of semi-crystalline 
MoS2 becomes part of the support/template for succeeding layers, lowering the energy 
barrier to crystallization. Increasing the laser energy gives rise to the same effects, in 
addition to imparting enhanced mobility to the atoms. 
Both Cu and Ni develop native oxide coatings in air, similar to Al. Oxides of 
molybdenum are formed when Mo atoms are embedded in the Ni substrate because of 
the low solubility of Mo in NiO, but the adlayer-substrate interaction through the 
oxygen bonding is much weaker than in the Al substrate, as deduced from the lower 
relative intensity of the XPS peaks from Mo oxidation states. A lower degree of 
oxidation means that more Mo atoms are available for reaction with sulfur, and thus the 
relative intensity of the XPS peaks from amorphous sulfur are also significantly lower 
in comparison to the Al samples. According to the Ni-S phase diagram,40 a NixSx-1 
phase can be in equilibrium with the solid phase with increasing sulfur content. While 
a Ni-S phase does form in-situ, the S 2p peaks corresponding to this phase are very 
weak, as opposed to the intense signal from S2- of Ag2S in the Ag sample. This suggests 
that the amount of Ni-S phase present in the sample is very low, and insufficient to act 
as a template for thin film growth. Ni/NiO (dNi = 0.352 nm,
41 dNiO = 0.417 nm
42) thus 
makes up the bulk of the surface upon which MoS2 grows, and the resulting film is 
amorphous at low laser energies. With an increase in the laser energy, the MoS2 film 
begins to exhibit signs of clustering due to enhanced atomic mobility and some order 
in the arrangement of atoms is achieved, marked by the emergence of a broad peak at 
~403 cm-1 in the Raman spectra. Increasing the deposition time makes little to no 
difference however, as clustering requires energy that must be provided by heating or 





from the laser. Crystallization is unable to take place owing to the relatively large lattice 
mismatches between the template and MoS2, which creates large stresses in the 
obtained film that must be released by breaking the periodic arrangement of atoms. In 
the case of Cu, the formation of its characteristic patina, composed of a mixture of 
sulfates, carbonates and sulfides, dominates over any other reaction. This is inferred 
from the presence of oxidized sulfur species SO4
2- in the XPS scans, and an observable 
colour change in the film from reddish to cyan. Mo has near-zero solubility in Cu, and 
as it is unable to bind to oxygen, all of which is consumed by the formation of the 
patina, the Mo atoms exists only as adsorbates on the Cu film. They are thus easily 
released by desorption with the thermal energy provided by heating during the 
deposition process, and consequently no Mo species are detected in XPS scans. 
In both section 3.2 and 3.3, the growth of MoS2 by PLD produced multiple 
layers of the material, with the thinnest sample possessing 2-3 layers. This raises the 
question of whether a single layer of MoS2 can be grown by PLD. Because the MoS2 
layers grow by conventional epitaxy on Ag, the first layer will always be chemically 
bonded to the substrate and therefore a true monolayer of MoS2 cannot be obtained on 
metals. With different substrates however, it is possible to grow monolayer MoS2. 
Based on supplemental experiments using sapphire, it was found that the MoS2 layers 
grow by van der Waals epitaxy on these substrates and thus a true monolayer of MoS2 
can be obtained. However, one drawback of using sapphire is that the resultant film is 
always oxygen-rich (sulfur-deficient) and therefore has poor crystallinity. A post-
deposition heat treatment with sulfur and hydrogen gas is needed to reduce the as-
deposited, oxygen-rich MoS2 to highly crystalline MoS2 with Mo : S stoichiometric 
ratio close to 2. 
 





3.4 Few-layer MoS2 Field Emitters by PLD 
3.4.1 Experimental Procedure 
Synthesis: Ag and Al metal nanocones were fabricated from sputter-deposited 
metal films through an ion irradiation technique by bombardment with Ar+ ions using 
a Kaufman type ion gun (ION TECH. INC. Ltd., model 3-1500-100FC). The ion beam 
was directed at an incident angle of 60 ºC to the surface of the film, with the beam 
diameter and energy set to 4 cm and 1000 eV respectively. Irradiation was performed 
at room temperature for 8 min at a working pressure of 5 × 10−2 Pa. The as-fabricated 
metal nanocones were then transferred to the KrF excimer PLD chamber and MoS2 
growth was carried out at deposition times of 10 s, laser energies of 50 and 200 mJ, and 
a cooling rate of 20 ºC/min. All other laser parameters and chamber conditions used 
remained the same as those detailed in section 3.2.1. The Ag and Al nanocones with 
MoS2 deposited at 50 and 200 mJ will hereafter be referred to as Ag-50, Ag-200, Al-
50 and Al-200 respectively. 
Characterization: The nanocones before and after MoS2 deposition were 
analysed with a Zeiss Supra 40 field emission SEM using an in-lens secondary electron 
detector. Optical properties of the as-deposited samples were characterized by a Horiba 
MicroRaman HR Evolution System using an Argon laser beam with an excitation 
wavelength of 514.5 nm. XPS spectra was obtained via a Kratos Analytical Axis 
UltraDLD UHV spectrometer with a monochromatized Al Kα x-ray source (1486.6eV) 
a take-off angle of 90º with respect to the sample surface. 
Field Emission Tests: Field emission studies were carried out using a probe tip 
setup at room temperature and at a base pressure of 2 × 10-6 Torr. An electrochemically 





etched tungsten needle with a tip diameter of 50 μm was used as the anode, while the 
sample acted as the cathode. The zero-distance point was determined by moving the 
anode with 10 V of applied voltage until it came into contact with the cathode, as 
indicated by a non-negligible current reading on the multimeter. The anode is then 
slowly moved away from the cathode until the current just drops to zero. On this same 
spot on the sample surface, the distance between the anode and sample was adjusted to 
10 μm using a micrometer stage with an accuracy of 0.5 μm. The current-voltage 
relationship was obtained by applying a DC voltage across the sample and anode and 
emission current was measured using a Keithley 2410 source measurement unit. 
Several emission cycles were taken in order to verify the stability and the 
reproducibility of the I-V curves. 
 
3.4.2 Nanostructural Characterization  
Figure 3.12 shows the surface morphology of the as-fabricated Ag and Al metal 
cones. It can be seen that for both types, a mostly uniform and highly dense array of 
nanosized cones was produced from the ion irradiation. For Ag, the nanocone tips have 
a tendency to undergo fracturing and breakage, resulting in detritus scattered over the 
surface of the cones. The surface of the nancones are also highly textured and Ag 
crystallite grains can be clearly observed. The heights of the Ag nanocones are within 
the range of 650–900 nm, whereas the diameters are within the range of 200–300 nm, 
with the apex of the nanocones having an average diameter of ~50 nm. The Al 
nanocones are somewhat shorter, with heights within the range of 500–800 nm and 
diameters within the range of 200–300 nm. The apex of the Al nanocones are also 
slightly larger at an average diameter of ~60 nm.  






Figure 3.12: (Left) High magnification and (right) low magnification SEM images of 
(a) Ag and (b) Al nanocones before MoS2 growth. 
 
It can be observed from Figure 3.13(b) that the Al nanocones are unaffected by 
temperatures up to and including 500 ºC, having retained their shapes and structural 
integrity even after a heat treatment without MoS2 growth. In contrast, the Ag 
nanocones almost completely lost their conical geometry to become a particulate film 
with a large density of fractured cone tips remaining on the surface [Figure 3.13(a)]. In 
addition, the Ag crystallites have undergone rapid recrystallization and grain growth to 
reach sizes of up to 1.4 μm from an average of ~50 nm before heat treatment. Figure 
3.14 shows the SEM images of Ag and Al nanocones after MoS2 growth by PLD. Both 
Al and Ag nanostructures are minimally affected by the bombardment of energetic 
species at low laser energy levels of 50 mJ. When the laser energy is increased to 200 
mJ however, the Al nanocones begin to show signs of minor degradation [Figure 
3.13(c) and (d)], with some of the cone tips fracturing and breaking. This indicates that 





ideally, the laser energy should be kept to a minimum to prevent sputtering of the 
nanocones by incoming energetic species.  
 
 
Figure 3.13: SEM images of (a) Ag and (b) Al nanocones after heating to 500 ºC 
without MoS2 growth. 
 
 









The Raman spectra of the Ag and Al cones after MoS2 are shown in Figure 
3.15(a). The two characteristic 2H-MoS2 modes of E
1
2g and A1g are present in all 
samples except for Al-50. Despite the emergence of 2H-MoS2 Raman modes in the Al-
200 sample, it can be seen from the S 2p XPS spectra in Figure 3.15(b) that the MoS2 
layers remain highly defective due to the presence of apical S2- or bridging disulfide 
S2
2- ligands (amorphous sulfur).38 For the Ag samples, Raman and XPS measurements 
were conducted multiple times at different points over the entire sample surface to test 
for uniformity of the deposited MoS2 film. The results were mostly consistent 
throughout all measurements, which indicates that the MoS2 layers were uniformly 
deposited onto the nanocones. 
 
 
Figure. 3.15: (a) Raman spectra of as-grown MoS2 on Ag and Al nanocones. The left 
and right dashed lines indicate the positions of the E12g and A1g peaks in bulk MoS2 
respectively. (b) XPS spectra showing S 2p core level peak regions for all samples. 
 





3.4.3 Field Emission Study of Few-layer MoS2-coated Nanocones 
The field emission current versus voltage (I-V) plots for all MoS2-coated 
samples are shown in Figure 3.16. In this work, the turn-on voltage was defined to be 
the voltage required to reach a current of 1 μA. The as-fabricated Ag and Al nanocones 
were not able to reach the electron emission turn-on current within the maximum limits 
of the voltage source (not shown in the figure). Of the MoS2-coated nanocones, only 
Ag-50 and Ag-200 were able to attain the emission turn-on current, with the 
corresponding turn-voltages of 810 and 875 V respectively. However, it was noted that 
the Al-200 sample began to exhibit some degree of electron field emission at the high 
voltage region, reaching a maximum current of ~8.5 × 10-8 A at 1000 V. Fowler-







), indicating that electron emission occurs through a quantum 
tunnelling process. The linear slope of the F-N plot is related to the work function of 
the material, ø, the field enhancement factor, 𝛽, and the distance between the electrodes, 
𝑑, and can be expressed by transformation of the F-N equation as,  






Assuming ø𝑀𝑜𝑆2  = 4.9 eV,
43 the value of 𝛽 was calculated to be 60, 36 and 70 for 
samples Ag-50, Ag-200 and Al-200 respectively. 
 
(3.1) 






Figure 3.16: Field emission plots of current against voltage for MoS2-coated Ag and 
Al nanocones. The y-scale of the plot for sample Al-200 is expanded by 5 times.  
 
 
Figure 3.17: Fowler-Nordheim plots for MoS2-coated Ag and Al nanocones. 
 






As observed from the SEM images, the Ag nanocones lost most of their 
definitive conical geometry after heating to 500 ºC whereas the Al nanocones remained 
largely unaffected. This is attributed to rapid recrystallization, grain growth and 
densification of the Ag structure. Grain growth usually proceeds through the motion of 
grain boundaries, which results in the shrinkage and elimination of small grains as well 
as an eventual increase in the average size of the remaining grains. Diffusivity of 
material is a strong function of temperature, and as such grain growth processes are 
expected to show similar dependency. Thin film studies of Ag has so far shown that 
grain boundary motion plays an important role in grain growth even at homologous 
temperatures (reaction temperature divided by melting temperature) as low as 0.2.44 
Given that the melting temperature of Ag is 961 ºC,45 the temperature of 500 °C used 
for the growth of MoS2 by PLD corresponds to a homologous temperature of 0.52. 
Although this temperature is held for only a short duration of 10 s, the nanocones are 
heated up and cooled to room temperature at a rate of ~20 ºC/min. This means that the 
Ag nanocones remain at homologous temperatures of > 0.2 for at least 30 min, which 
is sufficient to induce significant grain growth in Ag.46 In addition, Ag films have a 
strong tendency to undergo an out-of-plane texture change from (111) orientation to 
(100) as a consequence of abnormal grain growth,47 which could also contribute to the 
loss of the conical geometry. Interestingly, despite this change in structure, the MoS2-
coated nanocones were still able to achieve turn-on current within the maximum limits 
of the applied voltage. In fact, they were the only samples to do so. To understand this, 
we first consider the parameters and field emission mechanism. 





The most commonly used parameter to characterise field emission properties is 
the geometric electric field enhancement, which serves as a measure of the ability of 
the emitter to enhance an applied field. By increasing the aspect ratio of emitters, the 
local field can be increased to more than a hundred-fold above the average applied field, 
making it possible to obtain emission with average applied fields of 1 × 105 to 1 × 106 
V cm-1, whereas theoretically no measurable emission would occur from a perfectly 
smooth surface at fields of less than 1 × 107 V cm-1.47 Another way to enhance the field 
emission performance of a material is by coating with an impurity-doped 
semiconductor that can decrease the effective barrier height for emission.46 Because a 
potential barrier is formed at the metal-semiconductor interface, electrons from the 
metal must first tunnel through this barrier into the conduction band of the 
semiconductor before gaining energy from the applied field and finally escaping into 
vacuum.48 Field emission performance is thus limited by the barrier at the metal-
semiconductor interface rather than the barrier at the semiconductor-vacuum junction. 
A high carrier concentration in the conduction band of the semiconductor would lead 
to a relatively thin depletion layer and hence a narrower potential barrier. 
For MoS2-coated nanocones, field emission was able to take place despite the 
loss of the conical structure as the surface remained rough, with numerous nanometric 
protrusions that act as sites for electron emission. This can be seen from the 𝛽 value of 
Ag-50 that is only slightly lower than that of the Al-200, which retained its conical 
structures. However, the overall low β values for all samples indicates that, rather than 
geometrical enhancement, the more dominant mechanism for field emission is the 
lowering of the effective barrier height by coating with crystalline MoS2 layers. Both 
Ag (øAg = 4.3–4.6 eV)49 and Al (øAl =4.3 eV)49 metal have work functions that are larger 
than the electron affinity of MoS2 (χ = 4.0 eV)50. Thus upon making contact the 





conduction and valence bands of MoS2 bend upwards in order to achieve equilibrium 
between the metal Fermi level and the MoS2 chemical potential, leading to the 
formation of a Schottky barrier. Figure 3.18 shows the schematic diagrams of the band 
structure of the uncoated and coated metal nanocones. Various groups15,16.51 have used 
first principle calculations within density functional theory (DFT) to show that the 
adsorption of MoS2 on transition metal substrates such as Ag and Ti results in a 
significant charge transfer from the metal to MoS2, which ultimately leads to a net n-
type doping of MoS2. Moreover, Kang et al.
15 demonstrated that strong adhesion at the 
interface through covalent bonds can strongly perturb the band structure of TMDs to 
result in significant lowering of the Schottky barrier, in some cases to the point that the 
TMD regions directly adjacent to the metal becomes metalized and the Schottky barrier 
vanishes. Zhong et al.16 showed that for monolayer MoS2 adsorbed on an Ag surface, 
there is medium adhesion at the interface and the band structure of MoS2 is destroyed 
but still identifiable. In this scenario, the Schottky barrier heights were determined 
experimentally to be as low as 0.212 eV and 0.138 eV for monolayer and bilayer MoS2 
respectively. In this work, the MoS2 layers were established to bond covalently to the 
underlying Ag substrate (see section 3.3.3). As such, we expect the Schottky barrier 
heights for the MoS2-coated nanocones to be just as low or even lower. Combined with 
the n-type doping of MoS2 due to charge transfer from Ag, the probability of Fowler-
Nordheim tunnelling increases greatly and samples Ag-50 and Ag-200 are able to reach 
the turn-on current within the limits of the applied voltage. Although a higher MoS2 
layer number favours smaller Schottky barrier heights,16 Ag-200 was measured as 
having a higher turn-on voltage than Ag-50 despite its greater thickness. Because the 𝛽 
value is almost half that of Ag-50, it is likely that the decline in performance is due to 
a geometric factor. For example, the tips of the surface protrusions could be broadened 





due to the thicker MoS2 coating, or tip blunting due to breakage was caused by the 
higher laser energy used. In addition, a thicker coating can lead to more significant 
electron scattering, reducing the efficiency of electron transportation within the film. 
 
 
Figure 3.18: Band alignments of (a) pristine metal nanocones and (b) MoS2-coated 
nanocones.   
 
In contrast to the MoS2-coated Ag nanocones, the corresponding Al samples did 
not demonstrate appreciable field emission. One possible reason for this is the 
unsuitability of Al as a base for Mo2. Due to the absence of d orbitals, which can mix 
with the band-edge d orbitals of Mo to result in better electron injection, Al does not 
make good contacts for 2D TMDs.15 Indeed, experimental results have shown that Al 
forms high-resistance contacts with 2D TMDs. Furthermore, the high chemical 
reactivity of Al leads to partial oxidation of the surface when exposed to air, which may 
induce a wide tunnelling barrier at the Al-MoS2 interface. Another issue is the quality 
of the MoS2 layers grown on top of Al substrates. In field emission, the conductivity of 
emitters is an important physical property.52 The presence of defects within the emitters 
limits their conductivity by acting as sites that trap or scatter electrons, and thus 
adversely affects field emission performance. As discussed in section 3.3, the MoS2 





film deposited at 50 mJ on Al is highly defective and effectively amorphous. It is hence 
not surprising that Al-50 exhibits no field emission performance even at the maximum 
applied voltage of 1000 V. The MoS2 layers in Al-200 on the other hand have 
appreciable crystallinity, but still contains many defects as deduced from the presence 
of apical S2- and bridging disulfide S2
2- ligands in the S 2p XPS spectra. As a result, the 
sample begins to emit electrons by field emission at the extreme high voltage region 
but does not reach the turn-on current within the maximum limits of the voltage.  
Although the MoS2-coated Ag nanocones were able to achieve turn-on current, 
the voltages at which this occurred were rather high. In comparison, a similar probe 
setup used to characterised MoS2 nanoflowers
25 gave a turn-on voltage of ~ 760 V for 
an anode-cathode separation of 100 μm. This is believed to be due to the geometric 
shape of the Ag nanocones, which after MoS2 deposition is completely lost. Moreover, 
the tip size of the original nancones were much larger (~60 nm) compared to the sharp 
edges of the MoS2 nanoflowers (~3 nm). All these factors contribute to a much lower 
𝛽 value that limits the enhancement of the field emission properties of Ag nanocones 
when coated with MoS2. Future consideration should thus be given to preserving the 




In section 3.2, highly crystalline few-layer MoS2 was fabricated on Ag 
substrates using the PLD technique. The effects of cooling rate and laser energy of the 
resulting MoS2 films were studied using Raman and Photoluminescence spectroscopy 
as well as XPS. The films exhibit prominent band gap PL, indicating that the as-





deposited MoS2 sheets possess good structural integrity and a sufficiently low density 
of defects that may inhibit luminescence. It was observed that limiting the amount of 
Mo and S supplied during deposition was critical to the production of few-layer MoS2 
(≤ 4 layers). Slower cooling rates and higher laser energies led to better crystallinity. 
Thus, by varying the parameters of deposition time, laser energy, and cooling rate, the 
formation of high quality few-layer MoS2 can be precisely controlled. These results 
show that it is possible to produce few-layer MoS2 using a physical deposition 
technique at relatively lower temperatures compared to MoS2 growth by CVD.  
In section 3.3, we presented the fabrication of crystalline few-layer MoS2 on 
metal substrates using PLD. The technique involves the in-situ formation of an 
appropriate scaffold/template for growth and the subsequent segregation of dissolved 
source atoms in the metal onto the substrate surface. As such, the method is a combined 
physical and chemical process in which solubility and chemical reactivity of the source 
atoms with the underlying metal substrate are important factors affecting film growth. 
Of particular significance is the reaction of sulfur with the substrate; formation of a 
metal sulfide phase in-situ is critical to growth of highly crystalline MoS2. Any 
interactions between Mo and the substrate however, is usually detrimental to the film 
quality as this leaves excess S atoms on the surface that bind to each other to form 
amorphous sulfur. Despite the formation of metal sulfides in-situ, both Ni and Cu failed 
to produce crystalline MoS2. For either case, the sulfide formed was insufficient, in 
addition to being consumed to formed sulfates on Cu. In contrast, Ag was found to be 
very successful as a substrate for highly crystalline few-layer MoS2 fabrication even at 
low laser energies due to the formation of substantial amounts of an Ag2S phase. Al 
substrates however, could produce only semi-crystalline few-layer MoS2 when the 
growth parameters was adjusted to cater to the metal. This is partly attributed to the 





amorphous nature of the native oxide coating, and partly due to the energetic Mo atoms 
supplied by PLD that penetrate into the substrate, resulting in high levels of Mo oxides. 
The fact that the in-situ formation of a sulfide phase is critical for growth of good quality 
MoS2 on metals indicates that conventional epitaxy and lattice matching effects are pre-
dominant over van der Waals epitaxy at the substrate-adlayer interface. 
MoS2-based field emitters were fabricated by depositing MoS2 layers on Ag and 
Al nanocones and their field emission properties investigated in section 3.4. It was 
observed that the conical geometry of Ag nanocones was destroyed with heating to 
result in a particulate film covered with broken tip fragments. Nevertheless, the MoS2-
coated Ag samples still demonstrated enhanced field emission over pristine nanocones 
due to a reduction of the potential barrier for electron field emission by formation of a 
Schottky barrier at the MoS2-Ag interface. In addition, the broken tip fragments on the 
surface acted as nanometric sharp edges that contributed to geometric field 
enhancement, and thus the MoS2-coated Ag nanocones were able to reach the turn-on 
current within the maximum limits of the voltage. For MoS2-coated Al nanocones 
however, the high resistance contact between MoS2 and Al as well as the more defective 
structure of MoS2 layers grown on Al prevented efficient electron transfer from the 
metal to the MoS2 and from MoS2 to vacuum. Consequently the MoS2-coated Al 
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Pulsed Laser Fabricated Few-layer WS2 on 
Metal Substrates 
In this chapter, pulsed laser deposition (PLD) is used to fabricate few-layer WS2 
on metal substrates. In section 4.2, hybrid 1T- and 2H-WS2 layers are found 
experimentally to grow on Ag and the factors influencing the phasic composition are 
investigated. In Section 4.3, the feasibility of Ag, Au, Al and Ni as templates for WS2 
synthesis by PLD is explored and the growth mechanism of WS2 on these metals 
elucidated. The origin of 1T-WS2 and its phase stabilization on Ag and Au substrates 
are also discussed. In section 4.4, the field emission properties of PLD-grown WS2 on 
Ag nanocones are studied. 
 
4.1 Introduction 
Within the family of layered transition metal dichalcogenides (TMD), MoS2 has 
been the most widely studied, with many comprehensive and intensive studies on 
fabrication methods and material properties such optical and electronic performance, 
valleytronics, and thermal effects.1-3 However, there remains a large body of as yet 
unexplored 2D layered materials that could potentially play a vital role in future 
nanoelectronics. One such material is WS2, which like the related system MoS2, is an 
indirect band gap semiconductor that converts to a direct gap material when thinned 
down to a single layer.4 As a consequence of this indirect-to-direct transition, 
monolayer WS2 exhibits extraordinary room temperature photoluminescence (PL) that 





surpasses all known 2D layered TMDs.5 Both MoS2 and WS2 are part of the group IV 
semiconducting dichalcogenides, in which a unique set of conditions gives rise to strong 
spin–orbit-induced electronic band splitting and spin–valley coupling,1 which makes 
them promising candidates for spintronic devices. It was recently reported that 
atomically thin WS2 demonstrates significantly larger spin–orbit interactions6,7 as 
compared to MoS2. Furthermore, single-layered WS2 quantum dots have been shown 
to have even stronger spin-orbit coupling than WS2 sheets, in addition to a much more 
blue-shifted PL emission.8 This suggests that the optical properties and spin-orbit 
splitting of WS2 can be effectively manipulated by lateral size control, which makes the 
material highly valuable for applications in spintronics and optoelectronics. Field effect 
transistors (FET) prepared from WS2 have been demonstrated in literature with 
ambipolar charge carrier characteristic,9-11 which is more frequently reported for WS2 
than for other TMD materials.12 The ambipolar behaviour makes the material more 
attractive for use in device applications that involve homogenous or heterogeneous p-n 
junctions. Most significantly, theoretical models predict that WS2 would produce better 
transistor performance than MoS2 and even Si due to a much smaller effective electron 
mass.13 
Until recently, most of the attention has been focused on the semiconducting 
phase of WS2 and MoS2, both of which possess a prismatic coordination for the metal 
atom (2H). Theoretical calculations predict that the 2H-polytype is more 
thermodynamically stable, and hence the 1T-phase converts to the former upon 
heating.14 Due to this instability of the octahedral 1T-phase, it has not been found in 
nature. Nonetheless, WS2 and MoS2 layers with octahedral coordination were able to 
be synthesized through intercalation by alkali metals such as Li and K,15-18 with the 
restacked 1T-phases in LiMS2 and 1T-KMS2 (M = Mo or W) compounds confirmed by 





electron diffraction.19,20 Free-standing layers of these 1T-polymorphs can then be 
engineered through solvation and reduction of the intercalate compounds.21,22 However, 
1T-LiMoS2 is thermodynamically unfavourable and has been determined to gradually 
transform to the 2H-phase at room temperature. The 1T-phase of MS2 compounds is 
also known to be stabilized by substitutional doping of Re, Tc and Mn atoms, all of 
which were found to act as electron donors within the MS2 lattice.
14,23 
Both WS2 and MoS2 have been envisioned as efficient and earth-abundant 
replacements for Pt catalysts in the photocatalytic evolution of hydrogen24-26. Quantum-
mechanical calculations have revealed that the catalytic activity of MS2 (M = transition 
metal) compounds is correlated to the degree of metallic character of their edges27,28, in 
addition to other factors such as density of states.29 Given that the 1T-phase exhibits 
metallic behaviour, this suggest that 1T-MS2 possesses greater catalytic ability than 
their 2H counterpart. Indeed, individual 1T-WS2 nanosheets produced by lithium 
intercalation were found to present excellent hydrogen evolution reaction (HER) 
activity30,31, the best, in fact, of any MX2 (X = chalcogen) materials. However, they had 
a strong propensity for restacking and an irreversible phase transition to the 2H-phase32, 
which led to significant deterioration in their electrochemical performance. There is 
thus a strong impetus to search for possible ways of stabilizing 1T-MS2 compounds. 
Achieving this phase stabilization through the addition of an appropriate metallic 
species such as Ni is particularly advantageous based on increasing evidence that 
hybridizing MS2 compounds with metallic materials can lead to superior catalytic 
performance33-36. For example, the introduction of a metal support has been shown to 
substantially alter the H binding energy of MoS2
36. The metal support is furthermore 
able to optimize the electrical contact between MoS2 active sites and the substrate, 
particularly since 1T-MoS2 layers have been reported to form low resistance contacts 





to metals.37,38 For example, Kappera et al. fabricated FETs with a 2H-MoS2 channel 
and 1T-MoS2 electrodes that demonstrated mobility values of 56 cm
2 V-1 s-1, 
exceptionally large on-state currents of 110 μA μm-1, and subthreshold swing values of 
0.72 V/decade.38 All of these values are dramatically better than metal electrodes 
deposited directly on top of the 2H-phase. 
Despite the advantages of WS2 over MoS2, the material has been studied to a 
much lesser degree than MoS2. This is possibly due to the difficulty in obtaining high 
quality single crystal WS2 even though the chemical and atomic structures of WS2 are 
similar to those of MoS2. There are currently two main methods of preparing ultrathin 
WS2: (1) top-down exfoliation and (2) bottom-up substrate growth. Exfoliation can be 
mechanical,39,40 chemically assisted41 (e.g. sonication in a good solvent) or purely 
chemical42 (intercalation with e.g. lithium), but the end results remain similar: high 
quality flakes can be prepared but there is very little control over their size, shape or 
nature of their edges. On the other hand, the substrate growth technique, commonly 
some form of chemical vapour deposition43-45 (CVD), is capable of producing large 
area monolayers with high crystallinity and good control over flake shape. However, 
many of these substrate growth techniques utilize different solid precursors heated to 
high temperatures in the range of 750-1000 ºC and require long growth times. Although 
pulsed laser deposition (PLD) is also a type of bottom-up substrate growth technique, 
it is unique in that it is a purely physical method. While PLD has found success in the 
fabrication of 2D materials such as few-layer graphene46, it remains underdeveloped 
compared to exfoliation and CVD methods. 
In section 4.2, we describe the synthesis of highly crystalline few-layer WS2 on 
Ag substrates using PLD at a relatively low temperature of 450 °C. In section 4.3, the 





viability of Ag, Au, Al and Ni to act as the growth template for few-layer WS2 is 
investigated. Ag, and Ni were chosen for their reactivity with sulfur to form metal 
sulfides, which are thought to be beneficial to the growth of highly crystalline WS2 due 
to the minimal lattice mismatch between two sulfide compounds. Au was selected for 
its high conductivity and its typical usage as an electrode in FETs, and finally Al was 
chosen as α-Al2O3 substrates have been demonstrated47 to successfully produce 
ultrathin TMDs by CVD. Interestingly, a hybrid 2H-1T structure was produced on the 
noble metals Ag and Au, but Al and Ni gave purely 2H-WS2. The influence of metal 
buffer thickness, deposition time, growth temperature, and laser energy on the phasic 
mixture of the WS2 film is studied in section 4.2. The growth mechanism of the WS2 
layers on metal substrates was then discussed in section 4.3, and a possible origin of 
the 1T-phase was considered. 
The good electrical conductivity and mechanical robustness of 2D TMDs such 
as WS2 render them promising candidates for next generation field emitters. However, 
most synthesis techniques for WS2 result in layers that are oriented parallel to the 
substrate surface. This flat profile and smooth surface prevents good external field 
enhancement, which can lead to extremely high turn-on fields or even no electron 
emission whatsoever. In order to take advantage of the beneficial properties of WS2, 
the 2D sheets should ideally be oriented perpendicularly to the substrate to expose sharp 
edges and tips. This can be achieved by synthesizing nanostructures such as nanotubes 
and nanoflowers. For instance, Viskadouros et al.48 fabricated WS2 nanotubes with 
comparable field emission performance to optimized CNTs and better resistance to 
chemically reactive environments. Li et al.49 synthesized WS2 nanoflowers using 
atmospheric pressure CVD at 650 ºC that demonstrated a moderately low turn-on field 
of 6.1 V μm-1. The orientation of 2D nanosheets can also be tuned by coating a microtip 





array. Although, no such example for WS2 exists, the technique has been utilized for 
other 2D materials such as graphene. For example, Stratakis et al.50 spin-coated 
graphene sheets onto Si microtips and the resultant structure was shown to have a turn-
on field of 2.3 V μm-1. 
In section 4.4, WS2-coated Ag nanocones were fabricated by PLD and 
investigated for field emission capability. The lower growth temperatures used for PLD 
grown WS2 as compared to CVD reduces the probability of the metal nanocones 
undergoing significant diffusion and reflow during the heating process. Furthermore, 
the WS2 layers were grown directly on the Ag nanocones and thus avoided the issues 
associated with transfer techniques that can adversely affect the electron transport 
properties of WS2. Field emission studies were carried out on the WS2-coated 
nanocones before and after annealing to determine the effects of the phasic composition 













4.2 Hybrid 1T- and 2H-WS2 Ultrathin Layers on Silver 
4.2.1 Experimental Procedure 
Synthesis: The synthesis of few-layer WS2 on 500 nm thick Ag films was 
similar to that described in section 3.2.1. The laser energies used for ablation was kept 
within the range of 50–200 mJ, and the deposition time between 10–30 s. Substrate 
temperature was kept at 450 °C during deposition and subsequently decreased at a 
controlled rate of 20 ºC/min until the temperature reached 300 ºC, thereupon natural 
cooling processes took over.  
Characterization: PL measurements as well as XPS and TEM analysis of the 
WS2 films were conducted using the same instruments and conditions as detailed in 
section 3.2.1. Raman spectroscopy was performed in a Horiba MicroRaman HR 
Evolution System using an Argon laser beam with an excitation wavelength of 514.5 
nm. Surface morphology and height profile were obtained with a Digital Instruments, 
Nanoscope III, Multimode AFM operated in tapping mode.  
 
4.2.2 Nanostructural Characterization 
Figure 4.1(a) shows the Raman spectra of the as-grown WS2 film on Ag and 
sapphire excited under ambient conditions, with the spectrum of bulk WS2 and a WS2 
sample grown on sapphire included for comparison. In the spectrum of the sapphire 
sample, peaks from the substrate were removed by dividing with the Raman spectrum 
from an uncoated sapphire sample. At this excitation wavelength of 514.5 nm, the 
spectrum reveals many second-order Raman peaks in addition to the first-order phonon 





modes. The strongest peak at ~352 cm-1 can be resolved by multi-peak Lorentzian 
fitting into three individual contributions at 343, 351, and 355 cm-1 as shown in Figure 
4.1(b) for the sample fabricated at 100 mJ and 10 s. These modes are assigned to the 
in-plane vibrational E!2g (M) mode, the second-order mode of longitudinal acoustic 
phonon 2LA (M), and the in-plane vibrational E!2g (Γ) mode respectively.51 The other 
peaks at 418 and 343 cm-1 are attributed to the out-of-plane A1g mode and the in-plane 
vibrational E12g (M) mode. Studies have previously shown that Raman characterization 
can provide unambiguous and non-destructive identification of the thickness of WS2; 
the A1g (Γ) mode softens while both the 2LA (M) and E!2g (Γ) modes present a subtle 
red-shift with a decreasing number of layers.5,52 In particular, at 514.5 nm laser 
excitation, the WS2 spectrum reveals a striking increase in the intensity ratio of the 2LA 
(M) to A1g (Γ) phonon modes due to a double resonance process.52 Table 4.1 
summarizes the frequency for the three main Raman modes A1g (Γ), 2LA(M) and E!2g 
(Γ), as well as the intensity ratio for the two most intense peaks in our pulsed laser 
fabricated samples on Ag. Based on these values, it can be concluded that atomically 
thin WS2 films (≤ 5 layers) can be formed at any laser energy within the range of 50–
200 mJ as long as the deposition time was capped at a maximum of 10 s. Compared to 
chemically derived WS2
43,45, our samples exhibited Raman peaks with broader FWHMs 
such that it becomes difficult to distinguish the phonon modes in the 260–330 cm-1 
range without multi-peak Lorentzian fitting. This indicates the presence of defects 
arising from disorder in the atomic arrangement of the WS2 film. In addition, the 
samples fabricated at 50 mJ demonstrate much lower signal intensity, possibly 
indicating only partial crystallization or a large concentration of defects. As such, even 
though the thinnest films are formed at the lowest laser energy, for an optimal balance 
between film thickness and crystalline quality, a laser energy of 100 mJ would be most 













 ideal  
Figure 4.1: (a) Raman spectra of as-grown samples. The WS2 film on sapphire was 
fabricated at 200 mJ and 10 s. The left and right dashed lines indicate the positions of 
the 2LA (M) and A1g phonon modes in bulk WS2 respectively. (b) Multi-peak 
Lorentzian fitting of Raman bands in the Ag sample fabricated at 100 mJ and 10 s. (c) 
Raman spectra of bulk WS2. (d) AFM image and (d) height profile of the as-grown WS2 
film on Ag. The tri-layered WS2 film is approximately 1.9 nm thick.  
 
Table 4.1: Peak position for the Raman modes A1g (Γ), 2LA(M) and E!2g (Γ), as well 
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(cm-1) 










50 10 418 351 355 0.94 ~2 
100 10 418.7 350.6 355 0.75 ~3 
200 10 419.1 350.1 354.9 0.58 4-5 
50 30 419.5 350.2 355 0.51 >5 
Bulk - 420 350.4 355.2 0.46 Bulk 





between film thickness and crystalline quality, a laser energy of 100 mJ would be most 
ideal to grow highly crystalline few-layer WS2. It is also noted that, as with the case of 
PLD grown MoS2, obtaining monolayer WS2 by PLD is possible using sapphire but not 
with metal substrates. WS2 layers on sapphire are similarly oxygen-rich and thus require 
post-deposition treatment to improve their crystallinity. 
The as-synthesized WS2 films on Ag was observed to display good uniformity 
and continuity across an area of centimetres when viewed under an optical microscope 
or by the naked eye. Using AFM, the surface morphology at different areas on the film 
was characterized and found to be similar across the entire film. A typical AFM 
measurement (5 μm × 5 μm) is presented in Figure 4.1(d), demonstrating an atomically 
smooth surface with a calculated root-mean-square (RMS) roughness of 0.55 nm, 
which is slightly higher than the value of the Si substrate itself (0.3 – 0.5 nm). A height 
profile taken at the film edge is shown in Figure 4.1(e). It reveals a film thickness of 
approximately 1.9 nm, which agrees well with three atomic layers of WS2 for the 
sample fabricated at 100 mJ and 10 s, thus corroborating the Raman results. 
Although insulating substrates such as sapphire are preferred substrates for 
growing 2D materials for characterization of electronic properties, it was found that 
such substrates do not produce good quality WS2 films in pulsed laser synthesis. Figure 
4.1(a) shows that despite the use of higher laser energies of 200 mJ to fabricate the 
sapphire sample, its Raman spectrum resembles the partially crystalline and highly 
defective spectrum of the Ag sample fabricated at 50 mJ and 10 s. At lower energies of 
100 and 50 mJ, the characteristic peaks of 2H-WS2 are completely absent. This obstacle 
can however, be overcome by sputtering a very thin layer of Ag on the substrate. Our 
investigations reveal that the minimum thickness that the Ag layer can have before it 





begins to significantly affect the crystalline quality of the overlying WS2 film is ~8 nm, 
as shown in Figure 4.2(a). These WS2 films were grown on quartz, which not only 
permits the direct synthesis of crystalline few-layer WS2 on insulating substrates 
without the need for transfer techniques, but also allows the fabrication of samples that 
are capable of transmitting visible light. Figure 4.2(b) reveals that the triple-layered 
WS2 film on quartz has an average optical transmittance of 71% in the wavelength 
range between 400 and 800 nm. Reducing the buffer layer to such minimal thickness 
also results in in-situ consumption of most, if not all, of the pure Ag metal to form Ag2S 
(a phase which was detected in the TEM, XPS and XRD analysis). This was deduced 
from the increase in optical transmission in the sample after deposition of WS2, also 
shown in Figure 4.5(b). The high optical transmittance of our WS2 films on quartz 
means that they are suitable for solar energy applications. The presence of the Ag2S 
phase is also beneficial as the material appears to be a promising solar absorbing 
material with its narrow band gap of ~0.9 eV52 and its unique combination of properties 
such as light absorbance in the near-infrared spectral regions.53 
 
Figure 4.2: (a) Raman spectrum of as-deposited WS2 on quartz with varying Ag buffer 
thickness. All samples were synthesized using the parameters of 100 mJ and 10 s. (b) 
Optical transmittance of a quartz substrate with Ag buffer layer of 8 nm, before and 
after WS2 film growth. Inset: Photograph of the as-grown WS2 sample and bare quartz. 





High resolution TEM images of our pulsed laser fabricated samples are shown 
in Figure 4.3 and reveal the stacking of WS2 (002) layers with an interplanar spacing 
of 0.62 nm on top of Ag [JCPDS #08-0237]. Figure 4.3(a) provides direct evidence of 
the successful formation of double-layered WS2 in the sample fabricated at 50 mJ and 
10 s, with the first WS2 layer forming covalent bonds to the previously mentioned Ag2S 
phase that develops in-situ on the surface of the Ag buffer. This bonding between the 
two layers manifests as an indistinct boundary at the interface contrary to the sharp 
interfaces of 2D layered materials grown by van der Waals epitaxy. The formation of 
the Ag2S phase is supported by the presence of lattice fringes with interplanar spacings 
of 0.27 nm located underneath the WS2 film that can be ascribed to the (120) plane of 
monoclinic acanthite Ag2S [JCPDS #14-0072]. Figure 4.3(b) shows the change in the 
WS2 film when the deposition time is increased to 30 s. The number of layers have 
increased to >5, verifying the results of the Raman measurements.  
 
 
Figure 4.3: Cross-section TEM of Ag samples fabricated at a laser energy of 50 mJ 
and deposition times of (a) 10 s and (b) 30 s. 
 





4.2.3 Experimental Evidence of 1T-WS2 
Figure 4.4 depicts the W 4f and S 2p core level XPS scans for the WS2 film on 
Ag. Two doublets are present in the S 2p spectra, one occurring at 162.3 and 163.5 eV, 
consistent with the S2- species of WS2, while the second pair located at 161.1 and 162.4 
eV can be assigned to the S 2p peaks of Ag2S. The presence of both doublets confirms 
the successful growth of WS2 as well as the in-situ formation of Ag2S. For the W 4f 
spectra, there is a small shoulder at 35.6 eV corresponding to the W6+ state that indicates 
the formation of tungsten oxide in the as-deposited films. This oxide can arise in part 
from surface oxidation of the WS2 target, and in part from unreacted W atoms 
remaining on the substrate surface after completion of the WS2 film. These unreacted 
W atoms are always produced because some S atoms are initially consumed in the 
making of the Ag2S phase. The oxide is believed to form a capping layer over the WS2 
film when it is first exposed to air, and does not negatively affect the quality of the film 
itself as the calculated stoichiometric ratio of S : W is very close to the ideal value of 
2. It was also observed that the main W doublet peak can be deconvoluted into two 
separate pairs. One doublet (red curve) occurs at binding energies of 32.7 and 34.8 eV, 
which corresponds well with the W4+ species of highly crystalline 2H-WS2.
54 The other 
doublet at 32.1 and 34.2 eV (blue curve) on the other hand, lies between the binding 
energies of metallic tungsten (W0+) and W4+, and appears to be due to a partially 
sulfided, intermediate Wx+ state. However, calculation of the stoichiometric ratio of S : 
W atoms reveals that both W tungsten species (red and blue curves) have a S : W ratio 
of ~2, indicating that the W 4f doublet located at 32.1 and 34.2 eV is also due to a W4+ 
state. The negative shift of peak binding energies by 0.6 eV is thus believed to be 
attributed to the formation of the 1T-phase of WS2, consistent with its metallic nature, 
and is comparable to with previous studies on 1T-MX2 materials.
,52,55 






Figure 4.4: XPS spectra showing W 4f and S 2p core level peak regions for as-
deposited samples fabricated at 100 mJ and 10 s. 
 
The formation of the 1T-phase can also be established by closer inspection of 
the Raman spectra, as well as by powder XRD. As noted by Voiry et al,55 the Raman 
spectra of 1T-WS2 display the additional modes of J1, J2 and J3 that are attributed to the 
superlattice structure of the distorted 1T-phase. However, these Raman modes are only 
readily observable when the concentration of 1T-WS2 dominates over the 2H-phase. 
Figure 4.5(a) shows the Raman results from two of our as-deposited samples with 
widely differing concentrations of 1T-WS2. It is apparent that the J1, J2 and J3 modes 
are noticeable only in the sample fabricated at 50 mJ and 10 s due to the much higher 
1T-to-2H ratio of 1.67. In contrast, the sample fabricated at 100 mJ and 10 s only has a 
1T-to-2H ratio of 0.73, and correspondingly the typical Raman peaks of 1T-WS2 have 
almost completely vanished. Included for comparison is a sample annealed at 300 ºC 
for 30 minutes, wherein a complete phase transformation from 1T to 2H-WS2 was 
achieved as revealed by the XPS spectra shown in Figure 4.4(b). The Raman bands of 
2H-WS2 in this sample appear more distinct; in particular the combination mode of 
2LA-E22g at ~320 cm
-1 becomes visibly noticeable. Nonetheless, the peaks still lack the 





sharpness of CVD grown WS2 sheets, and there is only a slight increase in the peak 
intensities while the FWHMs remained largely unchanged. This indicates that there is 
some degree of atomic disorder present even in the pure 2H-phase, and the crystalline 
quality of PLD grown WS2 on Ag is not quite comparable to CVD grown WS2 layers. 
The fact that the 1T-to-2H phase transition can be induced with thermal annealing 
indicates that the 1T-WS2 produced in this work is metastable. Indeed, it was observed 
that partial 1T to 2H transition begins to occur even at temperatures as low as 100 ºC, 
which would be detrimental if the 1T-phase was intended for use at high temperatures. 
The ability to prepare metastable 1T-WS2 layers at temperatures higher than the 1T-to-
2H transition is rather surprising. However, this is likely to be simply due to the short 
deposition times and fast cooling rate, such that the 1T-structure does not have 
sufficient time to relax to the more stable 2H-phase. 
 
Figure 4.5: (a) Raman spectra of WS2 films deposited on Ag. The J1, J2, and J3 peaks 
are only active in the as-deposited sample fabricated at 50 mJ and 10s. The spectrum 
for WS2 films annealed at 300 ºC more closely resembles that of bulk 2H-WS2. (b) XPS 
spectra showing the W 4f core level peak regions of as-deposited, annealed, and bulk 
samples. As-deposited WS2 sheets at 50 and 100 mJ have 1T-to-2H phase ratio of 1.67 
and 0.73 respectively. 
 





Unlike with 2H-WS2, characterization of 1T-WS2 by powder XRD is rather 
challenging because the 1T-phase does not exhibit a well-defined crystalline structure 
and well-resolved diffraction peaks.31 This problem is exacerbated by the fact that our 
samples are all mixtures of 1T- and 2H-WS2. Nonetheless, we were still able to observe 
differences in the XRD diffractograms obtained before and after annealing. As shown 
in Figure 4.6, both the as-deposited and annealed samples have peaks corresponding to 
the known 2H-WS2 pattern. In the as-deposited sample, the presence of a broad peak at 
14.3 ° with the highest intensity reveals the preferential growth of WS2 sheets along the 
(002) direction. In contrast, the XRD pattern of the annealed sample shows a more 
intense (100) peak, which suggests the growth of protrusion edges along the (100) 






where 𝜏 is the mean size of the ordered crystalline domains, 𝛫 is a dimensionless shape 
factor (here 𝛫 = 1), 𝜆 is the X-ray source wavelength, 𝛽 is the FWHM of the (002) peak 
in radians and 𝜃 is the Bragg angle. The lattice spacing for both the as-deposited and 
annealed sample is thus determined to be 0.625 nm, which indicates a slight lattice 
expansion of ~1.1 % compared to the value of 0.618 nm for bulk WS2 [JCPDS #08-
0237]. The annealed sample also presents additional peaks corresponding to 2H-WS2, 
suggesting an improvement in crystallinity of the WS2 film that may be attributed to a 
1T-to-2H phase transformation. There is furthermore a very minor peak around 19–20º 
that vanishes after thermal annealing. As this peak cannot be indexed to either 2H-WS2, 
Ag, Ag2S or even WO3, and has previously been observed to be present in 1T-WS2,
33 
we believe that it can be attributed to the presence of the 1T-phase.  
(4.1) 






Figure 4.6: Powder X-ray diffractograms of WS2 nanosheets (a) annealed at 300 ºC 
and (b) as-deposited at 50 mJ and 10 s. (c) Bulk diffraction peaks of 2H-WS2. 
 
 
The presence of the 1T-phase also affects the PL measurements of our samples. 
Weak PL was observed in as-deposited WS2 nanosheets, as expected from their partial 
metallic character. Enlarging the emission spectra allows us to see that the sample 
fabricated at 50 mJ and 10 s presents a major peak at ~645 nm and a shoulder peak at 
~570 nm (Figure 4.7), corresponding to A and B excitonic transitions of the K point of 
the Brillouin zone. Curiously, the expected intensity and position dependence of the 
major PL peak with layer thickness can be observed even among the as-deposited 
samples despite the varying concentrations of 1T-WS2. As shown in Figure 6, the major 
PL peak at ~640 nm quickly diminishes in intensity and gradually red-shifts with 





increasing layer thickness, a trend that has been observed by other groups.44,45,51 This 
is unusual as the thinnest sample also has the highest concentration of 1T-WS2, which 
is expected to inhibit PL, and yet this sample gives the highest emission intensity. 
Because PL originates near the surface of a material, and is sensitive enough to be 
affected by surface adsorbates, the fact that the PL spectra of as-deposited samples 
appears to be largely unaffected by the presence of 1T-WS2 suggests that the 1T-phase 
is located away from the surface of the film. While the origin of 1T-WS2 in our samples 
is as yet unclear, we believe that it can be attributed to the capacity of Ag atoms to act 
as an electron donor for W (owing to Ag having more valence electrons than W). The 
stabilization mechanism is therefore similar to chemically exfoliated MoS2 and WS2, 
wherein the 1T-phase is stabilized by insertion of an electron donating atom such as Li. 
In such a case, the 1T-phase in our samples would be concentrated at the interface while 
2H-WS2 would dominate at the surface of the film, which could explain the unexpected 
PL results. 
 
Figure 4.7: Photoluminescence spectra of as-grown samples measured using an 
excitation wavelength of 488 nm. 
 





4.2.4 Factors Influencing Phasic Mixture of WS2 Film 
We further characterized the 1T-phase by investigating the influence of Ag 
thickness, temperature, laser energy, and deposition time on the phase and crystallinity 
of the resulting WS2. As shown in Figure 4.8(a), the crystalline quality of the WS2 
sheets begins to degrade slightly when the thickness of the Ag layer is reduced to less 
than 30 nm. Below a thickness of 8 nm, the obtained WS2 becomes essentially 
amorphous. The proportion of the two phases, 2H and 1T, is also affected, with the 
amount of 1T-phase gradually decreasing as the Ag thickness is reduced [Figure 
4.8(b)], providing further evidence that the Ag layer is responsible for the formation 
and stabilization of 1T-WS2. Higher growth temperatures also appear to negatively 
impact the crystallinity of the resulting WS2 in addition to reducing the amount of 1T-
phase, as illustrated in Figure 4.7(c)-(d). Above 450 ºC, the substrate temperature 
becomes too high, leading to the re-evaporation of adatoms from the surface and a 
degradation in WS2 film quality. The optimum temperature window for WS2 growth by 
PLD is therefore deduced to be around 450-500 ºC, which is much lower than CVD 
techniques for WS2. This is credited to the generation and rapid deposition of energetic 
ablation species in PLD, which helps to raise the substrate temperature during film 
growth. As mentioned above, the concentration of the 1T-phase was also observed to 
decrease as the substrate temperature is raised, which we attribute to the metastable 
nature of 1T-WS2. The 1T-phase of MoS2 has for example been shown to begin 
irreversibly converting to 2H-MoS2 even at low temperatures of 95 ºC.
57 At higher 
substrate temperatures of 600 ºC and 750 ºC, there is a greater driving force for the 1T-
to-2H phase conversion during film growth, resulting in lower concentrations of 1T-
WS2 in the final film. However, complete phase transformation is not achieved even at 
750 ºC due to the very short deposition times (in seconds) and moderately fast cooling 





rate, as the 1T-structure does not have sufficient time to relax to the more stable 2H-
phase. A complete 1T-to-2H phase transformation is only achieved with post-
deposition annealing, which can be done in-situ.  
 
 
Figure 4.8: (a) Raman and (b) W 4f core level XPS spectra for Ag samples fabricated 
with varying buffer thickness. (c) Raman and (d) W 4f core level XPS spectra for Ag 
samples fabricated at different substrate temperatures. All samples were grown using a 
laser energy of 100 mJ and deposition time of 10 s. 
 






Figure 4.9: XPS spectra showing W 4f core level peak regions for Ag samples 
fabricated at different laser energies and deposition times.  
 
It was observed that the concentration of the 1T-WS2 phase appears to decrease 
with longer deposition times and higher laser energies as depicted in Figure 4.9. In 
addition, the peak position of the W 4f doublet for 1T-WS2 continues to shift to lower 
binding energies with increasing deposition times, an indication of increasingly 





metallic character. This phenomenon could possibly be due to bombardment of the 
growing film by energetic species in the PLD process, which may lead to the breaking 
of W-S bonds in 1T-WS2. It is likely that with longer deposition times, the 1T-WS2 
phase would convert completely into metallic tungsten. Similarly, the formation of a 
metallic layer was previously observed during prolonged sputtering of WS2,
58 another 
ion-assisted deposition technique. The breaking of the W-S bond appears to affect only 
1T-WS2 and not 2H-WS2, as seen by the negligible negative shift in the W 4f peak 
position for the 2H polymorph. This is deduced to be a consequence of the higher 
thermodynamic stability of 2H-WS2, rendering it less likely to be affected by the 



















4.3 Ultrathin WS2 Layers on Other Metal Substrates  
4.3.1 Experimental Procedure 
Synthesis: Ag, Au, Al and Ni metal films of approximately 500 nm thickness 
were sputtered onto normal doped Si substrates and subsequently loaded in a KrF (λ = 
248 nm) Lambda Physik excimer PLD system. The energies used for ablation was kept 
within the range of 50–200 mJ, whereas the deposition time was in the range of 10–30 
s. Substrate temperature was maintained at 450 °C during deposition, after which it was 
decreased at a controlled rate of 20 ºC/min to 300 ºC, whereupon natural cooling 
processes took over. All other laser parameters and chamber conditions remained the 
same as those detailed in section 4.2.1. 
Characterization: Optical emission spectra of the laser induced plasma were 
measured in the wavelength region from 350 to 1000 nm using a multichannel Ocean 
Photonics USB4000 spectrometer. Measurements were taken at intervals from the 
beginning of discharge until the disappearance of the plasma, with the interval and 
integration times set at 2 s and 1 s, respectively. All other characterization techniques 
of Raman, TEM and XPS used to study the as-deposited samples are the same as those 
detailed in section 4.2.1. 
 
4.3.2 Nanostructural Characterization 
Figure 4.10(a) shows the Raman spectra of the as-grown WS2 film on different 
metal substrates excited under ambient conditions. The spectrum of bulk WS2, which 
consists of two main peaks at ~351 and 420 cm-1, can be found in Figure 4.1(c). At the 





deposition parameters of laser energy = 100 mJ and growth time = 10 s, only very weak 
signals from the characteristic Raman bands of WS2 at ~352 cm
-1 and 418 cm-1 are 
obtained for Au and Ni metals. For Al, the WS2 phonon modes only begin to emerge at 
longer deposition times of 30 s, suggesting that a greater amount of source atoms is 
necessary to achieve some degree of crystalline ordering. In contrast, the Ag metal 
produces WS2 layers that exhibit intense Raman signals, indicating good crystalline 
quality in the obtained film. At this excitation wavelength of 514.5 nm, the Raman 
spectrum of the Ag sample also reveals many second-order peaks in addition to the 
first-order phonon modes. As shown in Figure 4.10(b), the strongest peak at ~352 cm-
1 can be resolved by multi-peak Lorentzian fitting into three individual contributions at 
343, 351, and 355 cm-1, assigned to E!2g (M), 2LA (M), and E
!
2g (Γ) modes 
respectively.52 It has been shown that peak shifts in the A1g (Γ), 2LA (M) and E!2g (Γ) 
modes can be used to identify the number of layers in WS2 films.
5,52 However, at 514.5 
nm laser excitation, the intensity ratio of the 2LA (M) to A1g (Γ) phonon modes provides 
a much more accurate means of ascertaining the thickness of WS2. From this, it is 
determined that the Ag sample gives a WS2 film of ~3 layers. Although the weak Raman 
signals observed in the other metal substrates makes quantitative analysis of the number 
of layers in the as-deposited film difficult, the peak intensity ratios suggest that Au, Al 
and Ni also give ultrathin WS2 with 2-3 layers. However, the incredibly low peak 
intensities indicate that these crystalline layers exist largely as tiny clusters in a 
predominantly amorphous matrix, rather than as a single continuous film. Increasing 
the laser power and deposition time does little to improve the Raman spectra of the Au, 
Al and Ni samples, which suggests that these metals are not at all suitable for the growth 
of highly crystalline WS2 by PLD.  






Figure 4.10: (a) Raman spectra of as-grown WS2 films fabricated on different metal 
substrates. (b) Multi-peak Lorentzian fitting of Raman bands in the Ag sample 
fabricated at 100 mJ and 10 s, with (c) the spectra of bulk WS2 included for comparison. 
 
High resolution TEM images of the Ag samples are shown in Figure 4.11(a), 
revealing the stacking of WS2 (002) layers with an interplanar spacing of 0.62 nm. 
Additional lattice fringes with interplanar spacings of 0.27 nm is observed underneath 
the WS2 film, ascribed to the (120) plane of monoclinic Ag2S [JCPDS #14-0072]. This 
Ag2S phase, which develops in-situ, was previously found to promote the growth of 
ultrathin MoS2 by PLD through lattice matching and conventional epitaxy (see section 
3.3). Its presence here suggests that Ag2S also fulfils a similar function for WS2, with 
W atoms in the first layer of the film binding covalently to the S species in Ag2S. These 
covalent bonds manifest as an indistinct boundary at the interface, contrary to the sharp 
interfaces of 2D layered materials grown by van der Waals epitaxy. Figure 4.11(b) 
depicts the TEM image of Al samples, in which the crystalline layers of WS2 are 
observed as clusters on top of an amorphous aluminium native oxide. The oxide is 
easily differentiated from the crystalline, pure Al layer through the absence of lattice 
fringes. These results are in line with the Raman analysis, which previously hinted that 









Figure 4.11: Cross-section TEM of (a) Ag and (b) Al samples fabricated at 100 mJ and 
10 s.  
 
To characterize the chemical nature and bonding state of WS2 on metal surfaces, 
XPS was used to analyse the samples. Figure 4.12(a)-(d) depicts the W 4f and S 2p core 
level XPS scans for the WS2 films deposited on Ag, Au, Ni and Al respectively. One S 
2p doublet occurring at binding energies of 162.3 and 163.5 eV, consistent with the S2- 
species of WS2, is present throughout all four metal substrates. Similarly, the known 4f 
doublet of the W4+ species in 2H-WS2 can be observed at binding energies of 32.7 and 
34.8 eV for all substrates, confirming the formation of the semiconducting 2H-phase of 
WS2. For Ag and Ni substrates, there is an additional S 2p doublet located at 161.1 and 
162.4 eV, which is within the range of metal sulfide groups. In the case of Ag, this 
doublet can be assigned to the S2- species of Ag2S, which was observed beforehand in 
the TEM images of this sample. A third and final S 2p species, found at binding energies 





of approximately 163.6 and 164.8 eV, is observed for all metals with the exception of 
Ag. T his S 2p species is assigned to the apical S2- or bridging disulphide S2 






















Figure 4.12: XPS spectra showing W 4f and S 2p core level peak regions for (a) Ag, 
(b) Al, (c) Au and (d) Ni samples fabricated at 100 mJ and 10 s. 





of approximately 163.6 and 164.8 eV, is observed for all metals with the exception of 
Ag. This S 2p species is assigned to the apical S2- or bridging disulfide S2
2- ligands,59 
and can essentially be attributed to the presence of amorphous sulfur that reduces the 
crystalline quality of WS2. The relative intensity of these amorphous sulfur peaks is 
especially high for the Al sample, indicating a much more defective WS2 structure. The 
obtained film on Al is also considerably oxidized, judging by the intense peaks from 
the W6+ oxidation state. Curiously, for the noble metals Ag and Au, it was observed 
that there is an additional W 4f doublet at binding energies of 32.1 and 34.2 eV, as 
shown in Figure 4.12(a) and 4.12(b). The negative shift of 0.6 eV compared to the 2H-
WS2 doublet suggests the formation of the metallic 1T-phase of WS2, as discussed in 
section 4.2.3. These results are surprising since purely 2H-WS2 is detected in the Ni 
and Al samples, implying that some quality of the noble metals Ag and Au is capable 
of inducing the formation and stabilization of the 1T-WS2. 
 
4.3.3 In-situ Optical Emission Studies of WS2 Growth 
To gain more insight into the physical processes and underlying mechanism of 
WS2 growth by PLD, the deposition process was monitored by laser induced breakdown 
spectroscopy (LIBS). This technique allows the simultaneous analysis of multiple 
species in all states of aggregation, in addition to having the ability to detect impurity 
atoms present in trace amounts. Typical optical emission spectra of the WS2 plasma 
produced in vacuum using a laser energy of 100 mJ (laser fluence = 10 J cm-2) for our 
four metal substrates are shown in Figure 4.13(a). All spectra are continuous at 
wavelengths from 350 to 1000 nm, and there is no apparent differentiation in emission 
between the four substrates, indicating that the metal layer is unaffected during laser 





ablation and that no metallic species from the substrate is generated to form part of the 
plasma. Figure 4.13(b) gives a clearer view of the emission spectrum for the Ag 
substrate, which exhibit dominant spectral lines originating from transitions in neutral 
sulfur (S I) and tungsten (W I). Oxygen and oxide species are notably absent in the full 
spectrum, providing evidence that oxygen impurities are not found in significant 
amounts in either the WS2 target or as adsorbed gases in the deposition chamber. The 
formation of tungsten oxide on the samples must therefore occur after deposition, either 
through the presence of oxygen on the substrates themselves or through exposure to 
atmospheric oxygen when the samples were unloaded. Figure 4.13(c) shows part of the 
visible portion of the emission spectrum in Figure 4.13(b). Close inspection reveals that 
this region of the spectrum is dominated by lines from singly ionized sulfur (S II), with 
some overlapping emission peaks from neutral tungsten (W I). The observed WI and S 
II transitions, which were confirmed using the NIST database,60 are marked on the 
spectrum. Although ionic species of tungsten should also be present in the plasma 
plume, we are unable to confirm this as the strong emission lines of singly ionized 
tungsten (W II) fall in the deep UV region (235 nm to 265 nm), which is out of the 
range of our spectrometer. Nevertheless, the observable spectrum can still be divided 
into three distinct segments: the spectral region from 350 to 515 nm primarily showed 
W I transitions, the region from 515 nm to 670 nm had a mix of W I and S II lines, with 
the S II lines being more dominant, and the wavelength range beyond 670 nm was 
attributed only to S I transitions. LIBS was also employed for temporal monitoring of 
the plasma emission up to a deposition time of 30 s, as shown in Figure 4.13(d). The 
normalized optical signals of W I / S I demonstrate some scatter between individual 
measurements at the start of laser ablation, but stabilizes after the initial 10 s. The 
relative standard deviation (RSD) of the normalized optical signals is calculated to be 





6.7 ± 1.5 %, which indicates good short-term stability of ablation. Due to the short 
deposition times needed to fabricate atomically thin WS2, this short-term stability is 
imperative for depositing compositionally homogeneous layers of material. 
 
 
Figure 4.13: (a) Emission spectrum of laser produced plasma from the WS2 target with 
different substrates loaded in the PLD chamber. (b) Enlarged emission spectrum of the 
Ag substrate showing dominant spectral lines originating from transitions in neutral 
sulfur (S I) and tungsten (W I). (c) Part of the visible radiation portion of the emission 
spectrum of Ag substrates demonstrating the presence of singly ionized sulfur species 
(S II). (d) Temporal evolution of the plasma emission signal for Ag substrates up to a 









The LIBS spectra obtained were also used to measure electron temperature of 
the laser-produced plasma. For a plasma in local thermodynamic equilibrium (LTE), 
the population of excited states follows the Boltzmann distribution function, which is 











with λij, Iij, gi, Aij and Ei denoting the wavelength, intensity, statistical weight, transition 
probability and energy of the upper state i, respectively. U(T) is the partition function, 
N(T) the total number density, K the Boltzmann constant, and Te the electron 
temperature. The relevant spectroscopic parameters of the transition lines of tungsten 
used in these calculations were taken from the NIST database60 and are listed in Table 
4.2. We selected the spectral range of 400–490 nm as only W I lines are present in this 
region and there is negligible overlap between peaks. The spectral lines at 400.88 nm 
and 429.46 nm were ignored due to the effects of self-absorption on the line intensity.61 
As shown in Figure 4.14, the resulting distribution of data fits reasonably well to a 
linear energy dependence, indicating that the plasma is indeed in effective LTE during 
deposition and the time of optical measurement. From the slope of the fitted line, we 
obtain an electron temperature of approximately 8300 ± 400 K or 0.72 ± 0.03 eV. This 
temperature is slightly higher than the quasi-stationary value of 0.6 eV61 obtained from 
the ablation of pure tungsten in vacuum after a delay time of > 1 μs and with a laser 
fluence of 5 J cm-2. No comparison can be made to similar experiments with WS2, as 


























404.56 0.37 3.43 5 0.0288 
406.99 0.60 3.64 5 0.0360 
421.58 2.42 5.36 9 0.0370 
424.14 1.92 4.84 5 0.1070 
426.94 0.37 3.27 5 0.0304 
430.21 0.37 3.25 7 0.0360 
465.99 0.00 2.66 3 0.0100 














The above results clearly show that only Ag was successful in producing highly 
crystalline and textured WS2 layers. Ag was also the only substrate to react with the 
source atoms to form large amounts of a metal sulfide phase in-situ. This can altogether 
be interpreted as such: rather than being detrimental to the growth process as one would 
expect, the presence of the metal sulfide phase plays a crucial role in the development 
of crystalline WS2 layers. In the initial step of the growth process, ablated S and W 
atoms arrive on the surface of the substrate. Since the Gibbs free energy of formation 
at 450 ºC for WS2 is lower than Ag2S,
62,63 it is WS2 that will form first. While the WS2 
platelets are growing, S diffuses around or through the WS2 grains to react with the Ag 
layer. During this process the Ag layer becomes more and more sulfur-rich, which 
continuously lowers the melting point of the material41. At approximately 33.333 at% 
sulfur, a phase mixture of solid βAg2S and a liquid is stable above 178 ºC. As the 
substrate in this experiment was held at 450 ºC, a liquid silver sulfide film is formed at 
the interface that may act as a flux and thereby provide increased mobility to the source 
atoms and promote the growth of WS2 crystallites in a preferred direction. Because S 
atoms were consumed in the making of the Ag2S phase, some W atoms remain 
unreacted and sit on top of the completed WS2 film. From the LIBS spectra, we know 
that no oxygen impurities are present in the chamber during film growth. And since Ag 
substrate itself has minimal oxygen when scanned by XPS, these unreacted W atoms 
only oxidize upon exposure to atmospheric conditions, forming a sort of capping layer. 
The as-deposited WS2 film should thus be unaffected by the presence of the oxide, and 
this is confirmed by the calculated stoichiometric ratio of S : W atoms that is very close 
to the ideal value of 2. Time monitoring of the LIBS spectra during deposition gives 
indication of a stable plasma plume, even during the first 10 s of laser ablation, which 





is the length of time needed to grow a tri-layered WS2 film at a laser fluence of 10 mJ 
cm-2. This stability allows the stoichiometric transfer of source atoms to assist in the 
epitaxial recrystallization of WS2 layers. The generation of energetic ionic species, as 
confirmed by LIBS, also contributes to the process by ensuring high atomic mobility 
so that the source atoms can be quickly adsorbed onto the substrate surface and interact 
with each other. This allows for a significant reduction of the growth time and 
temperature in comparison to CVD.44,58  
Although Ni is also capable of forming a nickel sulfide phase in-situ, the low 
relative intensity of the XPS peaks from this species indicates that the quantity produced 
is very little and likely insufficient to form a new layer over the entirety of the substrate 
surface. This leaves the Ni base metal as the main growth template. As WS2 appears to 
grow preferentially by conventional epitaxy when fabricated using PLD, Ni is unable 
to produce highly crystalline WS2 due to the large lattice mismatch at the interface. It 
might be feasible however, to modify the Ni substrate to make it into a suitable growth 
template through pre-deposition sulfurization to produce a uniform Ni-S layer. The 
remaining metal substrates, Al and Au, suffer from the same issue of large lattice 
mismatches between the substrate and overlying WS2 film. And unlike Ni or Ag, they 
do not form any new phase in-situ that can act as an intermediary at the interface. Al 
also notably requires longer deposition times for the characteristic Raman bands of WS2 
to appear. This is attributed to the presence of a native oxide coating, as seen in the 
TEM images, which promotes W-O bond formation over W-S. This can be clearly 
deduced from the prominent peaks of W6+ species in the XPS scans. Because the W 
atoms are all initially consumed by oxide formation, more source atoms must be 
provided and consequently a longer deposition time is needed before WS2 can begin to 
form on Al substrates. The development of large quantities of tungsten oxide also 





distorts the ratio of free W to S atoms on the substrate surface, resulting in leftover S 
atoms that react together to form amorphous sulfur. This is reflected in the S 2p scans 
of the Al sample that show a much more significant contribution from amorphous sulfur 
as compared to the other substrates. Overall, the growth mechanism of WS2 on metal 
substrates is very similar to that of MoS2. For both materials, the growth process 
proceeds through conventional epitaxy and involves the in-situ formation of an Ag2S 
phase, which acts as a template for formation of highly crystalline MS2 layers (M = Mo 
or W). 
In addition to determining the growth mechanism of pulsed laser fabricated 
WS2, we consider also a possible origin of the metallic 1T-phase that is formed in the 
Ag and Au samples. Studies have shown that the metallic ground state in 1T-WS2 arises 
from the incomplete occupation of W 4dxy,yz,xz orbitals, which also leads to the 
decreased stability of this phase.5 Electron doping the 1T-WS2 lattice has been 
suggested as a method to increase the stability of the 1T-phase, as the additional 
electrons from the donor atom occupy the empty conduction band 4dxy,yz,xz orbitals of 
W. In contrast, when such doping occurs in the 2H-phase the donor electrons that 
populate the higher energy bands induce a change in the electronic structure from 
semiconducting to metallic, destabilizing the 2H-WS2 lattice.
23 Consequently, the 
formation of the 1T-phase becomes favoured over that of 2H-WS2. For lithium 
intercalated MoS2 and WS2, the electron transfer to the TMD layers also implies the 
insertion of Li+ into the van der Waals gap, with Li occupying the interlayer S–S 
tetrahedral site and forming the 1T-LiMS2 (M = Mo or W) phase.
15,21,22 Even for a 
single Li atom located on top of Mo in 2H-MoS2, there is still some charge transferred 
to MoS2 according to a Lowdin charge analysis.
45 It has been noted that the 1T-phase 
can also achieved by the substitutional doping of Re, Tc, and Mn atoms. A 2H-to-1T 





phase transition was observed by scanning TEM for Re-doped MoS2,
14 but its origin 
and nature have not been addressed. It was however postulated that the 2H-to-1T phase 
transition was also induced by electron doping, as with TMDs intercalated with alkali 
metals, due to the fact that Re has one more valence electrons than Mo. 
In the case of pulsed laser grown WS2 layers, we believe that it is possible to 
explain the formation of the 1T-phase in terms of electron doping due to charge transfer 
from metallic atoms in the buffer layer. Both Ag (4d10 5s1) and Au (5d10 6s1) have more 
valence electrons than W (5d4 6s2), allowing them to potentially act as electron donors. 
Unlike with Re, Tc and Mn atoms however, substitutional doping of Ag/Au is not 
expected to occur. This is because the closed d10 shell of both Ag and Au atoms is very 
stable, which makes it difficult for these atoms to ionize to the +4 oxidation state 
necessary for substitutional doping of WS2 to take place. Furthermore, once 
incorporated into the WS2 lattice the Ag/Au atoms would need to donate even more 
electrons in order to induce the phase transition from 2H-to-1T, rendering this scenario 
highly unfeasible. A more viable explanation would be for the Ag/Au atoms located in 
the vicinity of the WS2 sheets to donate one electron each to the WS2 lattice, similar to 
how Li donates an electron during intercalation of TMDs. This would then lead to the 
formation of a stable d10 shell as well as a phase transformation from 2H- to 1T-WS2. 
Because the Ag/Au atoms are confined to the interface, only the first WS2 layer in direct 
contact with the metal buffer would be affected by the electron doping and be converted 
to the 1T-phase. The resulting tri-layered film is thus composed of a mixture of 2H- 
and 1T-WS2. Although Ni (3d
8 4s2) similarly possesses more valence electrons than W, 
it reacts in atmospheric conditions to form oxides. Having lost two electrons to form 
Ni2+ in nickel (II) oxide, the ability of Ni to act as electron donor for WS2 is greatly 
reduced and consequently the 1T-phase is absent in WS2 films grown on Ni. On the 





other hand, Al only has 3 valence electrons compared to the 6 present in W, rendering 
it unsuitable as an electron donor for WS2. 
The possible formation of 1T-WS2 by intercalation with Ag/Au raises a number 
of interesting questions. For example, we claimed that in our tri-layered WS2, 
intercalation effects would be confined only to the WS2 layer at the interface. Would it 
then be feasible to obtain purely 1T-WS2 if a single layer is prepared on Ag/Au? We 
believe this is certainly possible based on the double-layered WS2 film on Ag fabricated 
in section 4.2. This sample was found to possess a significantly higher concentration of 
the 1T-phase compared to 2H-WS2 (the ratio of 1T-to-2H increases from 0.73 to 1.67 
when tri-layered WS2 is reduced to two layers). It is thus expected that a single layer 
would be composed entirely of the 1T-phase, which leads to the issue of using Au 
contacts for WS2-based devices. Since these devices also utilize mono-layered WS2, the 
presence of Au combined with joule heating during device testing could induce phase 
transformation from 2H- to 1T-WS2. As even partial conversion to the 1T-phase would 
affect device performance, such a phenomenon, if it indeed occurs, would have serious 
implications for ongoing efforts to fabricate WS2-based devices. It is thus imperative 
for further investigations into the influence of Au on pre-fabricated WS2 sheets grown 













4.4 Few-layer WS2 Field Emitters by PLD 
4.4.1 Experimental Procedure 
Synthesis: The procedure for synthesising few-layer WS2 on Ag nanocones is 
similar to that described in section 3.4.1. The laser energies used for PLD growth of 
WS2 was 50 and 100 mJ, and the resulting samples will hereafter be referred to as Ag-
50 and Ag-100 respectively. 
Characterization: SEM, Raman and XPS analysis of the nanocones before and 
after WS2 deposition were conducted using the same instruments and conditions as that 
detailed in section 3.4.1. 
Field Emission Tests: The field emission setup, conditions and testing 
procedure is similar to that detailed in section 3.4.1. 
 
4.4.2 Nanostructural Characterization 
From Figure 4.15(a), it can be seen that a mostly uniform and highly dense array 
of nanosized cones was produced when the Ag film was irradiated with ions, with 
dimensions similar to that described in section 3.4.2. Figure 4.15(b) shows the 
nanocones after they had been heated to 450 ºC and cooled back to room temperature 
in the PLD chamber without depositing any WS2. Just as was observed in section 3.4.2, 
the nanocones lost most of their conical shape to result in a particulate film littered with 
fractured cone tips. The Ag grains also underwent significant grain growth, reaching 
sizes of up to 1.1 μm from an average of ~50 nm before heat treatment.  






Figure 4.15: SEM images of Ag nanocones (a) before and after (b) heat treatment at 
450 ºC without WS2 growth. 
 
 
Figure 4.15: SEM images of Ag nanocones (a)-(b) after WS2 growth and (c)-(d) after 
post-deposition annealing at 300 ºC for 30 min. 
 
Figure 4.16(a) and 4.16(b) shows the SEM images of the nanocones after WS2 
growth by PLD. The bombardment of energetic species at either laser energies of 50 or 
100 mJ does not appear to influence the nanostructures on the substrate surface. Post-
deposition annealing of the samples at 300 ºC for 30 min however, induces further 





recrystallization and growth of the Ag grains. The surface is now covered with 
numerous newly formed small grains and the broken tip fragments have also grown 
larger. The Raman and XPS spectra of the WS2-coated nanocones before and after 
annealing at 300 ºC are depicted in Figure 4.17. The characteristic Raman modes of 
2H-WS2 are present in all samples. From the W 4f core level XPS spectra in Figure 
4.17(b), we note also the presence of the 1T-phase in the as-fabricated samples, which 
completely transforms to 2H-WS2 after annealing. As with the MoS2-coated nanocones 
described in section 3.4, multiple Raman and XPS measurements conducted at different 
positions over the entire sample surface gave consistent results, confirming the 
successful and uniform coating of WS2 layers onto the nanocones. 
 
Figure 4.17: (a) Raman and (b) XPS W 4f core level spectra of as-grown WS2 on Ag 
nanocones before and after annealing at 300 ºC for 30 min. The left and right dashed 
lines in (a) indicate the positions of the 2LA (M) and A1g phonon modes in bulk WS2 
respectively.  
 
4.4.3 Field Emission Studies of Few-layer WS2 Coated Nanocones 
The field emission I-V plots for all WS2-coated samples are shown in Figure 
4.18. With the turn-on voltage defined as the voltage required to reach a current of 1 





μA, the as-fabricated Ag nanocones were not able to reach the electron emission turn-
on current within the maximum limits of the applied voltage. For the WS2-coated 
nanocones, samples Ag-50, Ag-100, Ag-50 (annealed) and Ag-100 (annealed) have 
turn-on voltages of 795, 695, 910 ad 815 V respectively. The Fowler-Nordheim (F-N) 







). This indicates that electron emission occurs through a quantum tunnelling 
process. The slight deviation from the main linear relationship at the high voltage region 
for samples Ag-100 and Ag-100 (annealed) can be attributed to the space charge 
effect.64 It is unlikely that geometric alteration due to Joule heating is a factor as the F-
N plots are generally reproducible.. Assuming ø𝑊𝑆2  = 5.1 eV,
33 the field enhancement 
factor, 𝛽, was calculated to be 54, 57, 32, and 33 for samples Ag-50, Ag-100, Ag-50 
(annealed) and Ag-100 (annealed) respectively. 
 
 
Figure 4.18: Field emission plots of current against voltage for WS2-coated Ag 
nanocones. 
 






Figure 4.19: Fowler-Nordheim plots for WS2-coated Ag nanocones. 
 
4.4.4 Discussion 
As observed from the SEM images, the Ag nanocones lost most of their 
definitive conical geometry after heating to 450 ºC due to rapid grain growth and 
densification. Ag thin films have been reported to undergo significant grain growth 
even at homologous temperatures (reaction temperature divided by melting 
temperature) as low as 0.2 K and for annealing durations as short as 5 min.66,67 With 
Ag possessing a melting temperature of 961 ºC, the deposition temperature of 450 °C 
used for the growth of WS2 by PLD corresponds to a homologous temperature of 0.47. 
Despite the short deposition time of 10 s, the heating and cooling of the Ag nanocones 
at ~20 ºC/min means that overall, the nanocones are held at homologous temperatures 
of > 0.2 for at least 30 min. Consequently, substantial recrystallization and grain growth 
occurs such that the conical structures lose their characteristic shape. Reflow and 
diffusion are not thought to play large roles in the loss of the conical shape as these 





processes require higher deposition temperatures and prolonged heating to have a 
significant effect.  
Despite the loss of the conical geometry, all WS2-coated nanocones were still 
able to reach the turn-on current within the maximum limits of the voltage. This can be 
attributed to the surface roughness of the samples, as the numerous nanometric 
protrusions act as sites for electron emission. However, the overall low 𝛽 values for the 
coated samples indicates that, rather than geometrical enhancement, the lowering of the 
effective barrier height is the dominant mechanism for enhanced field emission 
performance. Because electrons must tunnel through this barrier from the metal into the 
conduction band of the semiconductor before escaping into vacuum, field emission 
performance is limited by the barrier at metal-semiconductor junction rather than the 
one at the semiconductor-vacuum interface.68 Ag (øAg = 4.3–4.6 eV)69 has a work 
function that is very close to the electron affinity of WS2 (χ = 4.5 eV),4 leading to the 
formation of Schottky barriers and n-type contacts due to charge transfer from the metal 
to WS2.
70,71 With the energy levels of Ag lying so close to the conduction band of WS2, 
the injection of carriers from the metal into WS2 is more efficient and thus decreases 
the contact resistance. Furthermore, strong adhesion at the metal-semiconductor 
interface through covalent bonds can perturb the band structure of TMDs to result in 
significant lowering of the Schottky barrier. In some instances, the perturbation is so 
strong that TMD regions directly adjacent to the metal becomes metalized and the 
Schottky barrier vanishes.70,71 Ag demonstrates medium hybridization with TMDs such 
as MoS2 and develops moderately high Schottky barriers when physically adsorbed on 
the surface.70 However, in this work the WS2 layers were established to bond covalently 
to the underlying Ag substrate (see section 4.2.2). As such, a lower than expected 
Schottky barrier is believed to form at the interface. Combined with the n-type doping 





of WS2 due to chare transfer from Ag, the probability of Fowler-Nordheim tunnelling 
increases such that all coated nanocones display improved field emission capability 
compared to the pristine nanocones.   
Another interesting observation is that the field emission performance 
deteriorated when the samples were annealed at 300 ºC. Part of the reason can be 
attributed to grain growth and enlargement of the broken tip fragments, which decreases 
the external field enhancement as indicated by the reduction of the 𝛽 value. Of more 
import however, is the change in structure of the WS2 layers: the as-deposited samples 
consist of a mixture of 1T- and 2H-WS2, whereas the annealed samples contain only 
the 2H-phase. In field emission, the conductivity of the emitters are also important 
contributing factors.72 Compared to the semiconducting 2H-phase, which often forms 
high resistance Schottky contacts with metals, the 1T-phase of 2D TMDs are metallic 
and typically have much higher electrical conductivity. For example, 1T-MoS2 is 
hydrophilic and 107 times more conductive than the semiconducting 2H-polytype,73 
with an estimated carrier concentration of >1013 cm-2.37 This significantly higher 
conductivity allows for far more efficient electron transport from the substrate to the 
coating material. Recent studies on FETs based on 1T-MoS2 have in fact shown that 
charge injection into the channel for such devices is more efficient compared to FETs 
based on purely 2H-MoS2 contacts.
38 What then of the transport from the 1T-WS2 to 
the surface of the coating? It was postulated in section 4.3.4 that the electron doping of 
WS2 layers by Ag occurs only at the regions directly adjacent to the interface. 
Consequently, the resulting structure should have three distinct layers: Ag, 1T-WS2 and 
2H-WS2. Due to the similar work function and conduction band energy relative to 
vacuum level between the 1T- and 2H- polytypes, a low contact resistance is formed 
between these two phases. For example, transistors utilizing 1T-MoS2 contacts and a 





2H-MoS2 channel were demonstrated to have a contact resistance of ~200 Ω μm37 
versus the values of 0.7–1.5 kΩ μm typically reported for metal contacts on 2H-
MoS2.
74,75 All of these attributes come together to result in highly efficient electron 
transport from the Ag nanocones to 1T-WS2 and further on to the surface of 2H-WS2, 
allowing for a lower turn-on voltage compared to the annealed samples, which consists 
of only of the 2H-phase and thus have higher contact resistance. Figure 4.20 shows the 
schematic diagrams of the band structure of the uncoated and coated metal nanocones. 
 
Figure 4.20: Band alignments of (a) pristine Ag nanocones, (b) 2H-WS2-coated 
nanocones and (c) Ag nanocones with a hybrid 1T- and 2H-WS2 coating. 
 





Between Ag-50 and Ag-100, the former exhibits higher turn-on voltages due to 
a more defective structure as can be deduced from the Raman spectra. This 
characteristic of the WS2 layers grown at 50 mJ was also discussed in section 4.2.2. The 
defects act as traps for electrons and also increases the probability of scattering, leading 
to overall lower electrical conductivity than the WS2 layers grown at 100 mJ. After 
annealing, the crystallinity of the WS2 film improves but is still not quite comparable 
to Ag-100 (annealed). In addition, a higher layer number generally favours smaller 
Schottky barrier heights,71 hence Ag-50 (annealed) has a higher turn-on voltage 
compared to Ag-100 (annealed).  
Although the WS2-coated Ag nanocones were able to achieve the turn-on 
current, the voltages at which this occurred were rather high. This is believed to be due 
to the loss of the geometric shape of the Ag nanocones after WS2 deposition. Moreover, 
the tip size of the original nancones were larger (~50 nm) than the typical size of 
nanotube tips (~30 nm)48 and nanosheet edges (~1–5 nm).76 All these factors contribute 
to a much lower 𝛽 value that limits the field emission properties of WS2-coated Ag 
nanocones. Future consideration should thus be given to preserving the nanocone 
structure and reducing the tip sizes in order to fabricate better WS2-based field emitters.  
 
4.5 Summary 
Crystalline few-layer WS2 on Ag were successfully fabricated by PLD in 
section 4.2. Samples fabricated at a laser energy of 100 mJ and deposition time of 10 s 
demonstrated the optimum balance between crystalline quality and film thickness. It 
was also found that crystalline WS2 is able to form on Ag layers as thin as 8 nm, leading 
to high optical transmittance in the visible range, which is advantageous for applications 





in optoelectronic devices and solar cells. Curiously, the resulting WS2 film consisted of 
a hybrid 2H-1T structure. Higher Ag thickness favoured the formation of the 1T-phase, 
suggesting that the Ag substrate was responsible for the stabilization of 1T-WS2 at room 
temperature. Other factors influencing the phasic composition of the WS2 film was also 
studied. Lower growth temperatures led to a higher proportion of the 1T-phase due to 
the tendency of 1T-WS2 to convert to 2H-WS2 upon heating. On the other hand, higher 
laser energies favoured the 2H-phase, possibly because the 1T-phase is disrupted by 
bombardment of high energetic ions. These results provide a new route for the 
stabilization of 1T-WS2 and could pave the way for future fabrication of purely 1T-
WS2 sheets for high performance devices. 
In section 4.3, we investigated the viability of several metals as substrates for 
growth of 2D WS2 by PLD. The physical processes and underlying growth mechanism 
was also studied, and is determined to be similar to pulsed laser fabricated MoS2, 
wherein the in-situ formation of a lattice matching metal sulfide phase is crucial to the 
growth of WS2. The resulting film is thus bound to the substrate through conventional 
epitaxy rather than the expected Van der Waals epitaxy. Ag substrates were very 
successful at producing highly crystalline few-layer WS2 precisely due to the formation 
of substantial amounts of an Ag2S phase. In contrast, Al, Au and Ni metal were only 
able to produce amorphous or at best partially crystalline WS2 due to insufficient or a 
complete lack of a suitable growth template at the interface. In addition, it was found 
that the type of metal can affect the phase of the resulting WS2 film. For Ag and Au, 
we obtained a hybrid 2H-1T structure, whereas for Al and Ni, only the 2H phase was 
formed. It was posited that the 1T-phase was induced by the electron doping of Ag/Au 
atoms located within the vicinity of the WS2 lattice. By donating electrons, the Ag/Au 
atoms are able to form a stable d10 shell in addition to destabilizing the 2H-phase of 





WS2, which leads to the formation of 1T-WS2. The 2H-to-1T conversion affects only 
the first WS2 layer at the interface, thus resulting in a phasic mixture of 2H- and 1T-
WS2 in the final multi-layered films. Although these findings open up the possibility of 
Ag- or Au-doped 1T-WS2 nanostructures as superior catalysts for HER, they also raise 
certain issues for device fabrication. Namely, the influence of Au contacts on 
monolayer WS2 sheets during testing of WS2-based devices.  Further work would be 
required to conclusively resolve these issues. 
In section 4.4, WS2-based field emitters were fabricated by depositing WS2 
layers on Ag nanocones by PLD. It was observed that the conical geometry of Ag 
nanocones was destroyed with heating to 450 ºC due to rapid grain growth and 
densification. Nevertheless, the WS2-coated samples still demonstrated improved field 
emission over pristine nanocones due to reduction of the potential barrier for electron 
field emission by formation of a Schottky barrier at the WS2-Ag interface. In addition, 
the broken tip fragments on the surface of the samples acted as nanometric sharp edges 
that contributed to geometric field enhancement. The as-deposited WS2-coated 
nanocones exhibited lower turn-on voltages compared to the corresponding annealed 
samples due to the phasic mixture of 1T- and 2H-WS2 in the former compared to the 
pure 2H-phase in the latter. With the higher electrical conductivity and carrier 
concentration of the metallic 1T-WS2, in addition to the similar work functions and 
conduction band energy relative to vacuum level between the 1T- and 2H- phases, there 
is highly efficient electron transfer from the substrate to the surface and hence a lower 
turn-on voltage. Finally, the Ag-50 samples demonstrated higher turn-on voltages than 
Ag-100 due to the higher density of defects that trap and scatter electrons. 
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MoS2- and WS2-based Field Emitters by 
Sputtering 
In this chapter, sputter deposition is used to fabricate 2D TMD-based field 
emitters. MoS2 supported on multi-walled CNTs are studied in section 5.2, while hybrid 
WS2 and CNT emitters are investigated in section 5.3. 
 
5.1 Introduction 
One way to control and enhance the properties of MoS2 and WS2 is to modify 
their morphology and physical structure. For example, aside from a lateral 2D film, 
MoS2 and WS2 structures that have been reported include nanoparticles,
1,2 spherical 
nanovesicles and fibrous floccus,2 nanotubes,3-5 nanorods,6,7 microspheres,8 and 
nanoflowers5,9,10. These unique nanosized structures are advantageous in that there is a 
significant increase in the surface area as compared to thin films, leading to an increase 
in efficiency of MoS2- and WS2-based sensors and photocatalytic devices.
11,12 Both 
nanostructured9 and few-layer TMD nanosheets13 have found potential applications as 
field emitters for their robust mechanical properties and the presence of atomically thin 
edges that enhance the local electric field concentration and ultimately increase the 
tunnelling probability of electrons. For example, Viskadouros et al.14 reported the 
fabrication of WS2 nanotubes with comparable field emission performance to optimized 
CNTs and better resistance to chemically reactive environments.  





Another technique to enhance the properties of base MoS2 and WS2 is by 
hybridizing with other nanostructures to form composites. The synergistic effects 
created by combining compatible materials can result in significant improvements in 
field emission performance.15-17 As demonstrated by Rout et al.,15 layered WS2-RGO 
composites synthesized using a hydrothermal method exhibited a lower turn-on field of 
2 V μm-1 compared to the values of 3.5 V μm-1 and 2.3 V μm-1 for pristine WS2 and 
RGO sheets. Fu et al.16 fabricated both MoS2- and TiO2-based MoS2/TiO2 
heterojunctions that possess lower turn-on fields compared to the bare TiO2 and MoS2 
structures. Similarly, MoS2/ZnO composites were shown to demonstrate better field 
emission performance over that of pure MoS2 nanoflowers.
17 Among the many 
possibilities for hybridizing with MoS2 and WS2, CNTs are an excellent choice as they 
are themselves excellent field emitters,18 in addition to possessing very good 
mechanical and electrical properties.19,20 Another advantage of using CNTs is the ease 
with which atoms can bond to the nanotube surface, as chemically grown carbonaceous 
materials such as nanotubes possess abundant oxygen-containing groups that can 
facilitate the immobilization of materials grown on their surface, making them 
promising templates for the preparation of composites.21 As CNTs are generally 
metallic and both MoS2 and WS2 are semiconducting, introducing a outer shell of MoS2 
or WS2 over the nanotubes would promote field emission performance of the resulting 
composites through the formation of a Schottky junction at the interface. Such 
phenomena have been widely reported with other semiconducting shell materials such 
as MoO, SiO2, ZnO and MgO.
22-24 The MoS2 or WS2 coating would also provide the 
added benefit of a protective layer for the nanotube core that can minimize emission 
instability caused by adsorption or ion bombardment of residual gas molecules.  





Various techniques have been used to hybridize CNTs with TMD nanosheets. 
An L-cysteine-assisted hydrothermal method was developed by Zhou et al.25 for the 
growth of MoS2 nanosheets on acid treated CNTs using Na2MoO4•2H2O as precursors. 
The end product was obtained by heating in a Teflon-lined stainless steel autoclave and 
heated at 180 °C for 48 h. Another group reported a two-step method to prepare MoS2 
sheet-coated multi-walled CNTs by first synthesizing MoS3 on acid-treated MWCNTs 
by mixing (NH4)2MoS4 and HCl in CNT suspension and then annealing the obtained 
product at 650 ºC for 1 h in a H2 gas.
26 Aside from hydrothermal methods, other 
fabrication techniques have also been investigated for the fabrication of TMD-coated 
1D carbon materials. One example is the preparation of ultrathin MoS2 nanosheets on 
active carbon fibres using a simple dissolution and sintering method.27 The as-prepared 
active carbon fibres were immersed in a dimethylformamide (DMF) solution containing 
(NH4)2MoS4 and the obtained sample was annealed at 750 ºC for 2h in a 5% H2/Ar 
atmosphere. Jeon et al.28 also reported the growth of MoS2-CNT composites using CVD 
at 850 ºC with sulfur and MoO3 powder as the precursors. 
Most of the above techniques for hybridizing CNT with TMD nanosheets are 
chemical in nature, often requiring high temperatures and long growth times for 
production of high quality crystals. This could potentially lead to degradation of the 
structural integrity of CNTs, thereby negatively affecting field emission performance. 
Many of the synthesis methods also require more than one step to obtain the final 
compound of MoS2 or WS2, which makes them time-consuming and non-economical. 
To overcome these limitations, we demonstrate a simple one step physical approach to 
obtain both MoS2-CNT and WS2-CNT heterostructures at room temperature via 
magnetron sputtering. As opposed to chemical based methods, sputtering offers greater 
control over the morphology and thickness of the resulting film by variation of RF 





power and deposition time. The technique is also economical and suitable for large 
scale industrial application, as well as clean because no external catalysts or solvents 
were used. The unique 3D MoS-CNT and WS2-CNT heterostructures obtained are 
composed of nano-petals of MoS2 or WS2 enveloping a CNT core and demonstrated 
improved field emission performance over uncoated CNTs, as detailed in section 5.2 
and section 5.3 respectively. The MoS2-CNT composites also exhibited lower turn-on 
























5.2 MoS2 Nano-petals Supported on Carbon Nanotubes 
5.2.1 Experimental Procedure 
Synthesis: Thin film Fe catalysts were deposited on highly n-doped Silicon 
(100) substrates using a Denton-Discovery-18 RF magnetron sputtering system. The 
substrates were cut into 10 mm × 10 mm pieces, cleaned in ethanol, and blow-dried 
using a nitrogen gun before they were placed into the sputtering chamber. Sputter 
deposition was performed at a working pressure of 10-2 Torr and RF power of 100 W. 
The substrates were transferred in air to the PECVD growth chamber, which was 
pumped down to ~10-5 Torr and the substrates were heated up to 700°C. C2H2 and H2 
gases were used in the growth process at flow rates of 40 sccm and 60 sccm 
respectively. Growth of multi-walled CNTs was performed for 60 minutes at a pressure 
of 1.2 Torr and RF power of 100 W. MoS2 was then deposited onto the CNTs via RF 
magnetron sputtering using a MoS2 target (99.9 % purity) and a low RF power of 40 
W. Sputter deposition was carried out at a working pressure of 10-2 Torr and deposition 
times of 5, 10, 15, 20, 25 and 30 min. 
Characterization: Surface morphologies were characterised by Zeiss Supra 40 
field emission SEM using an in-lens secondary electron detector and a JEOL JEM-
2010F TEM operating at an accelerating voltage of 200 kV. Surface composition was 
analysed by XPS using a Kratos Analytical Axis UltraDLD UHV spectrometer with a 
monochromatized Al Kα x-ray source (1486.6eV). Core-level XPS spectra were 
obtained at a take-off angle of 90° measured with respect to the sample surface at a 
vacuum of 5 × 10-9 Torr. The optical properties of as-fabricated samples were 





characterized using a Renishaw Raman spectrometer 2000 (excitation λ = 514.5 nm) 
and Perkin-Elmer fluorescence spectrometer LS 55 (excitation λ = 514 nm).  
Field Emission Tests: Field emission studies were carried out using a parallel-
plate device at room temperature and at a base pressure of 2 × 10-6 Torr. The sample 
was clamped between an aluminium cathode and a glass slide coated with ITO, which 
functions as the anode. A polymer film spacer with a thickness of 100 μm is used to 
maintain emitter-to-anode distance. The current-voltage relationship was obtained by 
applying a DC voltage across the sample and anode. Emission current was measured 
using a Keithley 237 source measurement unit.  
The parallel plate setup, where the current is averaged over a large sample area, 
is the most commonly used method for investigating field emission properties. This 
method was initially used due to the ease of comparing obtained results with available 
literature (the MoS2-coated CNTs were chronologically the first set of experiments 
conducted). However, when a large area anode is used the emission is usually 
dominated by a relatively small number of very strong emitting sites. This is especially 
true for CNTs as they normally consist of a few high aspect ratio emitters and a majority 
of low aspect ratio emitters. Consequently, subsequent field emission tests were 
conducted using a probe tip setup, where the sample area investigated is much smaller. 
With this method, regions with no strong emitters can be found and the multitude of 
emitters with lower aspect ratio can be probed. 
 





5.2.1 Nanostructural Characterization 
From the SEM images depicted in Figure 5.1, we observe the emergence of a 
film-like layer encapsulating the tips of the CNTs after 5 min sputter deposition of 
MoS2. As deposition time is increased, the encapsulating shell thickens until a sputter 
time of 15 min, whereupon the roughness of the film demonstrates a noticeable change, 
with the shell layer becoming more particulate-like than film-like. Further increase in 
sputter time results in a drastic alteration in morphology as sharp petal-shaped flakes 
begin to protrude from the shell, leading to the formation of a dense nano-petal forest 
that completely envelops the CNTs. Still longer sputter times increase the density of 
the nano-petals and the thickness of the encapsulating layer such that the CNTs buckle 
under the added weight, as can be seen from the cross-sectional SEM images. Figure 
5.2 shows the TEM images of selected samples. The pristine CNTs depicted in Figure 
5.2(a) are clearly multi-walled and have diameters of approximately 40 nm. After 
sputtering for 5 min, the nanotubes appear to be coated with an amorphous film-like 
material that thickens until a sputter time of 15 min is reached. At 20 min, crystalline 
petal-shaped flakes are formed as protrusions from the sidewalls of the encapsulated 
CNTs, corroborating the results obtained from SEM. The nano-petals increase in 
density as sputter time is further increased. Figure 5.2(f) shows a high resolution image 
of a nano-petal from the 30 min sample. The lattice fringes have interplanar spacings 
of 0.65 nm, which is characteristic of MoS2. These results suggests the formation of 
highly crystalline MoS2 from an amorphous base after a specific threshold is reached 
in sputter deposition time. 






Figure 5.1: (Left) Top view and (right) cross-sectional SEM images of (a) pristine 
CNTs and MoS2-CNT samples fabricated at sputter deposition times of (b) 5 min, (c) 
15 min, (d) 20 min, and (e) 30 min. 






Figure 5.2: TEM images of (a) pristine CNTs and MoS2-CNT samples fabricated at 
sputter deposition times of (b) 5 min, (c) 15 min, (d) 20 min, and (e) 30 min. (f) HRTEM 
image of nano-petals in the 30 min sample showing lattice fringes of MoS2. 
 
To verify the results of the SEM and TEM images, the as-grown samples were 
analysed by Raman spectroscopy, a technique that offers quick and non-destructive 
means of characterizing the crystallinity of both CNTs and MoS2. From the Raman 
spectra shown in Figure 5.3 (a), we observe three distinct peaks at 1355 cm-1, 1580 cm-
1, and 2969 cm-1 present across all samples, corresponding to the disorder (D), graphitic 
(G) and second-order disorder (2D) peak of carbon.29 The G peak occurs due to the in-
plane C-C vibrations of sp2 hybridized carbon atoms in both chains and rings, whereas 
the D peak corresponds to the breathing mode of six-fold aromatic rings of sp2 carbon 





and is independent of film thickness. The D peak is activated by disorder in atomic 
arrangement and hence indicates the presence of amorphous carbon or defects in the 
CNT walls. While the D peak is absent in perfectly crystalline graphite, the 2D peak 
(also known as the G’ peak) is present even in the absence of defects. All three Raman 
bands are characteristic of CNTs, and the ratio of the intensities of the D to G peak 
(ID/IG) can be used as an indicator of the quality of the nanotubes. The ID/IG ratio is 
calculated to be 0.73 across all samples, indicating that the CNTs have low 
crystallinity.20,30  
 
Figure 5.3: (a) Raman spectra of pristine CNTs and MoS2-CNT samples. (b) PL spectra 
of as-grown MoS2-CNT samples fabricated at 20, 25, and 30 min sputter times. 
 
At 20 min sputter time, we observe the emergence of two peaks at 
approximately 376 cm-1 and 405 cm-1, which can be attributed to the E12g and A1g 
Raman modes of MoS2 respectively. The in-plane E
1
2g mode arises from the opposite 
vibration of two S atoms with respect to the Mo atom, while the out-of-plane A1g mode 
results from opposite vibration of only S atoms.31 Both peaks are present only in the 
case of crystalline MoS2. As such, their appearance, coinciding with the formation of 





nano-petals as observed in the SEM and TEM images, verify that crystalline MoS2 does 
indeed form after 20 min of sputter deposition. The increase in intensity for both Raman 
modes as sputter time increases also points to an improvement in crystallinity of MoS2, 
resulting in highly crystalline nano-petals at 30 min sputter time. For samples fabricated 
with sputter times of 15 min and below, the absence of the E12g and A1g Raman modes 
indicate that the encapsulating shell formed at these sputter times is either a disordered 
form of MoS2 or an entirely different compound. 
The PL spectra of 20 to 30 min samples are shown in Figure 5.3(b). Two 
emissions can be detected at wavelengths of approximately 684 and 615 nm, labelled 
A and B respectively. These two peaks have been well established to be the direct 
excitonic transitions of the K point of the Brillouin zone for few-layer MoS2.
32 As 
thickness of MoS2 increases in the nanoscale, the bandgap decreases from 1.9 eV to 1.2 
eV in bulk MoS2 and we thus expect to see a slight red-shift and gradual extinguishing 
of the direct band edge transition peak at 684 nm. Instead, we observe a blue-shift in 
this band edge from 684 nm to 680 nm when the sputter time is increased in direct 
contradiction of the quantum confinement effects of MoS2. This is believed to be due 
to the incident laser beam impinging only on the topmost layer of the samples such that 
signal is recorded mainly from this area, with little contribution from the layers 
underneath. Due to the reduction in tip size as more atoms stack up along the a- and b-
axis of the MoS2 crystal, nano-petals with thinner tips are produced as the sputter time 
is increased. This reduction in layers at the top would then be reflected as a gradual 
blue-shift in the direct band edge as sputtering time is increased from 20 to 30 min, as 
was observed in our samples.  





In order to determine the composition of the encapsulating shell, the as-grown 
samples were analysed by XPS. High resolution scans of Mo 3d, S 2s and S 2p core 
level spectra of selected samples are presented in Figure 5.4. The Mo 3d spectra for all 
samples were fitted with two spin-orbit doublets. For the 5 min sample, the first doublet 
occurs at 230 and 233.1 eV, which gradually shifts to lower binding energy as the 
sputter time increases until it reaches binding energies of 229.15 and 232.25 eV in the 
20 min sample, which agrees well with that of Mo4+ in MoS2.
33 The peak positions of 
this doublet thereafter remain approximately constant up to the 30 min sample. The 
binding energy values of 230 and 233.1 lie between those of Mo4+ in MoO2 and the Mo 
species in Mo2C. It is thus concluded that a Mo-O-C type bond is formed at the 
interface. The intensity of this doublet is much lower than the main oxide doublet, 
hinting that only bond formation occurs and no new phase is formed. As sputter time 
increases, the binding energies downshift and relative intensity of the peaks increases 
to indicate formation of a separate MoO2 phase. After 20 min, the doublet reaches 
binding energies of 229.15 and 232.25 eV, signifying that a chemical change has taken 
places during the sputtering process. The other Mo 3d doublet occurring at 232.6 and 
235.7 eV corresponds to the Mo6+ species in MoO3, which is predominant in the 5 min 
sample but decreases in relative concentration as sputter time increases until it becomes 
a minor compound in the 20 min sample. 






Figure 5.4: High resolution XPS scans of (a) Mo 3d, S 2s and (b) S 2p core levels for 
selected MoS2-CNT samples. 
 
The S 2p spectra of the 5 and 15 min samples are present with three doublets, 
the first of which occurs at 161.9 and 163.1 eV and can be attributed to the S2- species 
in MoS2.
33 The second doublet located at approximately 163.1 and 164.3 eV is 
attributed to the presence of amorphous sulfur, while the final pair occurring at 168.25 
and 169.45 eV is assigned to the oxidized sulfur species SO4
2-. The fact that meaningful 
signal from the S2- species in MoS2 is detected in all samples indicates that some degree 





of Mo-S bonding occurs even at low sputter deposition times. However, as the Mo4+ 
doublet of the 5 min sample has binding energies closer to the oxidized form of 
molybdenum rather than its sulfurized form, we can deduce that any MoS2 produced at 
low sputter deposition times are highly defective and sulfur-deficient i.e. molybdenum 
exists mostly as MoO2 with only minor bonding to sulfur atoms. This is attributed to 
the preference of sulfur to bind to oxygen or to itself, as evidenced by the pronounced 
peaks from oxidized SO4
2- species and amorphous sulfur. As sputter time increases to 
20 min however, the relative intensity of the S2- doublet increases while the SO4
2- 
doublets disappears and the signal from amorphous sulfur is significantly reduced, all 
of which coincide with a downwards shift of the binding energies of the Mo4+ doublet. 
This behaviour suggests the gradual displacement of oxygen atoms by sulfur atoms in 
the Mo compound to form MoS2.  
 
5.2.3 Growth Mechanism of MoS2 on CNTs 
From the findings detailed in Section 5.2.2, we can conclude that when 
sputtering takes place, the first group of Mo atoms that deposit on the CNT surface bind 
to oxygen molecules that are physically and chemically adsorbed on the sidewalls of 
the nanotubes. This results in the formation of MoO3, with some minor contributions 
from MoO2, both of which exists as amorphous compounds. These molybdenum oxides 
make up the tubular shell that encapsulates the CNTs at low sputter times (< 20 min). 
The shell layer has strong adhesion to the nanotubes due to the presence of Mo-O-C 
bonds at the interface rather than weak Van der Waals forces. Any S atoms present on 
the nanotube surface at this stage prefers to bind to other S atoms or to oxygen and there 
is minimal interaction with Mo atoms, resulting in negligible yield of MoS2. As 





sputtering proceeds the gaseous SO4
2- species most likely desorb from the nanotube 
surface, while the increasing concentration of S atoms on the CNT sidewalls favours 
the displacement of oxygen atoms in MoO2 to form MoS2. At 15 min sputter time, any 
MoS2 phase formed is either of insufficient quantity or crystallinity to be detected by 
Raman spectroscopy. The lack of a crystalline layered structure (nano-petals) present 
in the encapsulating shell as observed via SEM and TEM suggests that the latter 
explanation is true, i.e. amorphous MoS2 particles forms on top of MoO3. As sputtering 
progresses beyond the 15 min mark, MoS2 begins to form almost exclusively, and in its 
crystalline form.  
 
 
Figure 5.5: Proposed growth model of MoS2 nano-petals on CNT. The red lines in (d) 
mark out the layers in crystalline MoS2 as seen in the TEM images. 
 
To understand the growth of MoS2 nano-petals perpendicular to the sidewalls 
of CNTs, we consider first the crystal structure of MoS2. Individual layers of MoS2 are 
held together by weak van der Waals forces and stacked in a staggered arrangement 
along the c-axis. In such a layered structure, the surface energy of the planes 
perpendicular to the c-axis is much smaller than others and thus the grains of MoS2 
grow with its basal plane parallel to the substrate surface to minimize the energy of the 





film. In this work, MoS2 growth was carried out at room temperature without the use 
of catalysts. Thus a modified vapour-solid (VS) growth mechanism is believed to be 
pre-dominant instead of the typical vapour-liquid-solid (VLS) growth processes.34,35 In 
the sputtering process, Mo and S atoms are removed from a solid target by 
bombardment with high energetic ions and subsequently deposited onto the CNTs. Ion 
bombardment imparts high mobility to the source atoms such that they possess enough 
energy to diffuse on the surface of the nanotubes to favourable sites and form nuclei. 
CNTs synthesized by PECVD have more defects in their structures than those grown 
by arc discharge and thermal CVD because of damage caused by ion bombardment.35 
Defects in PECVD grown nanotubes can take the form of “cross-struts” perpendicular 
to the tube axis, pentagon-heptagon pairs, vacancies and ion impurities.36-38 These 
defect sites are more reactive than the planar surface region, which could attract arriving 
source atoms during the initial stage and act as the first nucleation centres for MoS2 
growth. Grain boundaries of the graphene layers that comprise the nanotube walls can 
also act as nucleation sites due to the presence of dangling bonds that attract 
adsorbates.39 As such, MoS2 crystals will prefer to nucleate on these defective sites. In 
the initial growth process, the presence of adsorbed oxygen on the CNT surface leads 
to significant oxidation of the Mo species to form an oxide base layer. Once most of 
the oxygen is consumed and the concentration of sulfur atoms at the surface reaches a 
critical value, clusters of pure MoS2 begin nucleating on top of the oxide layer. 
Energetics favour the lateral growth of MoS2 islands, but the rate at which these nuclei 
grow is slower than the rate at which Mo and S atoms are reaching the surface of the 
oxide base layer. Consequently, fresh MoS2 nuclei accumulates on top of previously 
formed islands, resulting in a fast stacking of atoms along the direction perpendicular 
to the c-axis of MoS2 to form vertically standing petal-shaped nanoflakes. The growth 





process thus follows the mixed island and layer growth model, also known as the 
Stranski-Krastanov mode. As more atoms stack up, the surface areas of the nano-petal 
edge are reduced, leading to the formation of needle-sharp tips. A schematic diagram 
of the proposed growth process is shown in Figure 5.5. 
 
5.2.4 Field Emission Study of MoS2-CNT Composites 
In order to examine the effective functionality of the MoS2-CNT core-shell 
structures, their electron field emission property was measured. Figure 5.6 and Figure 
5.7 shows the current density versus electric field (J-E) and Fowler-Nordheim (F-N) 
plots respectively for the MoS2-CNT samples. The turn-on field is defined as the 
electric field strength required to produce a current density of 10 μA cm-2. The 
measured turn-on field for pristine CNTs used in this work is 2.5 V μm-1. For the 5, 10, 
15, 20, 25, and 30 min samples, the measured turn-on fields are 1.65, 1.40, 1.30, 1.15, 
1.05, and 0.80 V μm-1 respectively, demonstrating that the MoS2-CNT heterostructures 
have markedly improved field emission performance over that of as-grown CNTs and 
that this improvement increases with sputtering time. The turn-on fields of our MoS2-
CNT samples are also much lower as compared to MoS2 nanoflowers
9 (4.5–5.5 V μm-
1) and MoS2 nanosheets
13 (3.5 V μm-1), indicating that the as-prepared MoS2-CNT 
nanostructured composites are, in fact, excellent field emitters. Assuming 𝜑𝐶𝑁𝑇 =
5.0 𝑒𝑉,24 𝜑𝑀𝑜𝑂3 = 5.3 𝑒𝑉,
40 and 𝜑𝑀𝑜𝑆2 = 4.9 𝑒𝑉,
41 the field enhancement factor, 𝛽, 
which is determined primarily by sample morphology, can be calculated from the slope 
of the F-N plot. For pristine CNTs and samples 5 to 30 min, the value of 𝛽 is calculated 
to be 2410, 2820, 2800, 2870, 3240, 3350, and 6500 respectively.  











Figure 5.7: Fowler-Nordheim plots for MoS2-CNT samples. 
 
 





The widely accepted field emission mechanism for CNTs is that electrons are 
emitted mainly from the CNT tips. The CNT sidewalls contribute little to the field 
emission, as the geometric shape of the flat side wall gives low local field strength 
compared to the sharp CNT tips.24 An enhancement in field emission property of any 
CNT heterostructures can thus be induced by physical changes at the side walls, such 
as the formation of multiple additional emission sites that significantly increase the field 
enhancement factor, 𝛽. Alternatively, if the encapsulating layer is a semiconductor such 
as MoO3 or MoS2, a Schottky junction is formed at the interface with the metallic CNTs 
that lowers the energy barrier for electron emission. For our MoS2-CNT samples, all 
demonstrate an enhancement in 𝛽 as compared to pristine CNTs, indicating that both 
the tubular and nano-petal forest encapsulation provide additional sites for electron 
emission that would result in lower turn-on fields. Interestingly, the 𝛽 values for the 5, 
10 and 15 min samples are very similar despite a consistent decrease in turn-on field as 
sputter time increases. We can therefore conclude that the physical changes on the CNT 
surface play a minor role in enhancing field emission for these three samples. Instead, 
the formation of a CNT-MoO3 Schottky barrier at the interface is believed to be the 
dominant enhancement mechanism that results in more effective field emission 
properties. In contrast, the 20, 25, and 30 min samples show a marked increase in the 
value of 𝛽, particularly for the 30 min sample. This is attributed to the emergence of 
the nano-petal structures at a sputtering time of 20 min and their subsequent increase in 
density in addition to a reduction in tip size as sputter time increases. As sharper tips 
induce higher local field concentration, they result in a reduction of the height of the 
electron tunnelling barrier from the sample to vacuum. Thus when combined together, 
both trends produce effects that reinforce each other and that lead to a large 
improvement in the field enhancement factor of the 30 min sample. The formation of a 





Schottky junction at the interface likely still playsa considerable role in lowering the 
turn-on field for the 20 and 25 min samples, but is not as important in the 30 min sample 
on account of its much larger 𝛽 value.  
The Schottky effect refers to a phenomenon where a positive voltage is applied 
to the anode with respect to the cathode, generating an electric field at the cathode that 
aids the emission process by lowering the potential energy barrier. Since MoO3 is a 
wide bandgap n-type semiconductor with Eg = 3.15 eV,
42 a Schottky barrier was 
predicted to be obtained between MoO3 and CNTs. Under an applied electric field, 
electrons and holes separate, inducing band bending and resulting in a potential drop, 
∆𝑉, across the coating material. Electrons tunnel from the Fermi level of the CNTs into 
the conduction band of MoO3, and subsequently into MoS2. The accumulation of 
electrons in MoS2 in turn generates the space charge effect, which is essentially a 
downward shift of the vacuum level relative to the Fermi level of the back contact i.e. 
CNTs. Such a lowering of the vacuum level reduces the emission barrier height with 
respect to pristine CNTs, allowing electrons to tunnel more effectively into vacuum. 
This would then translate to lower turn-on fields for MoS2-CNT heterostructures. A 
schematic diagram of the proposed field emission mechanism is shown in Figure 5.8. 






Figure 5.8: Schematic diagram of the CNT/MoO3 and MoO3/MoS2 heterojunctions 





















5.3 WS2 Nano-brushes Supported on Carbon Nanotubes 
5.3.1 Experimental Procedure 
Synthesis: The growth of MWCNTs by PECVD on highly n-doped Si 
substrates with a thin layer of sputter deposited Fe catalyst is the same as that detailed 
in section 5.2.1. The CNTs were tip-coated with WS2 via RF magnetron sputtering 
using a WS2 target (99.9 % purity) at room temperature, a low RF power of 40 W, a 
working pressure of 10-2 Torr and deposition times of 10, 20, 25, 30, 35, 40, 50, and 60 
min. 
Characterization: SEM and XPS analysis of the samples were conducted using 
the same instruments and conditions as that detailed in section 5.2.1. TEM images were 
obtained using a JEOL JEM-3010 TEM operating at an accelerating voltage of 300 kV. 
Crystallographic data were obtained through a Bruker D8 Advanced Thin Film XRD 
system using a Cu Kα source (λCuKα = 1.54056 Å). The optical properties of as-
fabricated samples were characterized using a Horiba MicroRaman HR Evolution 
System with 514.5 nm excitation wavelength.  
Field Emission Tests: Field emission studies were conducted using the same 
probe tip setup and experimental conditions as first detailed in section 3.4.1. 
 
5.3.2 Nanostructural Characterization 
The SEM images of the samples are depicted in Figure 5.9, in which we observe 
the emergence of a film of angular particulates encapsulating the CNTs after 10 min 
sputter deposition of WS2. As the deposition time is increased, the particulate film 





thickens until sharp flakes begin to emerge from the surface at a sputter time of 30 min 
[Figure 5.9(e)]. These nanoflakes lengthen and increase in concentration when the 
sputtering time is increased to 35 min, leading to the formation of a dense forest of 
triangular flakes that completely envelops the CNTs [Figure 5.9(f)]. Still longer sputter 
times give rise to a drastic change in the sample morphology, as seen in Figure 5.9(g), 
whereupon new nanoflakes begin to grow over pre-existing ones. These new nanoflakes 
appear to be much sharper and narrower, and quickly become so numerous as to give 
the impression of “bristles on a brush”. Any increase in the deposition times from this 
point forth only serves to thicken the encapsulating layer, but induces little change in 
the morphology of the samples. This transformation of the WS2-CNT hybrid 
nanostructures is corroborated by the TEM images of the samples, which is shown in 
Figure 5.10. Pristine multi-walled CNTs with diameters of approximately 20 nm are 
depicted in Figure 5.10(a). After sputtering with WS2 for 10 min, the nanotubes become 
coated with angular particulates that thicken to become a film at a sputter time of 30 
min [Figure 5.10(c)]. Thin sheets of material can also be seen extending outward from 
the sidewalls of the encapsulated CNTs, similar to the results obtained from SEM. 
These thin sheets increase in density and length as sputter time is increased to form 
triangular nanoflakes that eventually begin stacking on top of each other. The topmost 
flakes appear to preferentially roll themselves into a narrow and highly curved 
geometry, as illustrated in Figure 5.10(f). Higher magnification images in Figure 
5.11(a) and 5.11(b) gives a clearer view of the differences in morphology between the 
nanoflakes formed at a sputter time of 35 min versus 60 min respectively. To 
differentiate the two types of nanoflakes, we dub the former “petals” and the latter 
“bristles” in keeping with their unique shapes. Both the nano-petals and nano-bristles 
were found to be crystalline, with high resolution TEM images of the 35 min sample 





[Figure 5.11(c)] exhibiting the presence of lattice fringes with interplanar spacings of 
0.64 nm, which is characteristic of 2H-WS2 [JCPDS #08-0237].  
 
Figure 5.9: Top view SEM images of (a) pristine CNTs and WS2-CNT samples 
fabricated at sputter deposition times of (b) 10 min, (c) 20 min, (d) 25 min, (e) 30 min, 
(f) 35min, (g) 40 min and (h) 60 min. 
 






Figure 5.10: TEM images of (a) pristine CNTs and WS2-CNT samples fabricated at 




Figure 5. 11: TEM images of (a) nano-petals in 35 min sample and (b) nano-bristles in 
60 min sample. (c) HRTEM image of nano-petals in the 35 min sample showing lattice 
fringes of WS2. 





The optical properties of our as-grown samples were also analysed by Raman 
spectroscopy (Figure 5.12). Three distinct peaks at 1350 cm-1, 1575 cm-1, and 2969 cm-
1 were observed for all samples, corresponding to the disorder (D), graphitic (G) and 
second-order disorder (2D) peak of carbon. The G peak is due to the E2g mode at the Γ-
point.42 It arises from the stretching of C-C bonds in graphitic material, and is common 
to all sp2 hybridized carbon systems. The D peak on the other hand corresponds to the 
breathing mode of six-fold aromatic rings of sp2 carbon and is activated by disorder in 
the graphitic structure.43 The 2D band is excited by a double-resonant Raman process 
that, unlike the D band, is present even in the absence of defects. The carbon region of 
the Raman spectra remains unchanged even after prolonged deposition of WS2, 
indicating that the coating does not interact strongly with the nanotubes. At a sputter 
time of 20 min, we observe a small broad peak at approximately 800 cm-1, which 
gradually intensifies until two distinct peaks at 704.1 cm-1 and 804.9 cm-1 emerge at 30 
min sputter time. Both peaks are matched to the O-W-O stretching modes in tungsten 
(VI) oxide.44 A shoulder at approximately 300 cm-1 can also be observed in the Raman 
spectra at 20 min. With increasing deposition times, this feature transforms into a 
definite peak at 263.1 cm-1 and another weak shoulder appears at 325.9 cm-1. Both 
bands correspond to the O-W-O bending modes of WO3.
44 This trend suggests that the 
particulate film formed during initial deposition is composed of amorphous WO3 that 
then crystallizes with longer sputter times. There appears to be no contribution 
whatsoever from WS2 regardless of sputtering duration, which is curious as the TEM 
images depict the distinctive crystalline 2D flakes of WS2. It is possible that the 
contribution from the underlying WO3 film is so strong that it overwhelms the WS2 
signals, resulting in non-detection of the characteristic Raman modes of WS2.  






Figure 5.12: Raman spectra of pristine CNTs and WS2-CNT samples. 
 
Further analysis of the composition and crystallinity of the as-grown samples 
were conducted by thin film XRD (Figure 5.13). Two slightly distinguishable peaks at 
2θ = 42.7 º and 43.9, indexed to the (100) and (101) reflections of graphitic carbon 
respectively [JCPDS #65-6212], is observed for pristine CNT and all WS2-CNT 
composites except for the sample sputter deposited at 60 min [Figure 5.13(a)]. At such 
prolonged sputtering times, the deposited coating is thick enough that incident X-rays 
are unable to penetrate into the CNT layer. No other peaks are observed in the XRD 
profile for pristine CNTs and the 20 min sample, not even from a WO3 phase, which 
tallies with the Raman results indicating that the WO3 particulate film is still amorphous 
or poorly crystalline at this sputtering time. After 30 min however, a small hump 
centred at 2θ = 33.9 º begins to emerge, and by 60 min, it is joined by three additional 
peaks with broad FWHMs due to the overlapping of signals from the WS2 and WO3 
phase. Despite the strong overlap, it can be seen from Figure 5.12(b) that the reflections 
at 2θ = 54.6 º, 55.3 º and 71.4 º arise solely from the WO3 phase [JCPDS #05-0388]. 





The first two peaks begin to emerge at sputter times of 30 min [Figure 5.13(a)], which 
matches with the Raman results indicating that crystallization of the amorphous WO3 
phase occurs from this sputter time onwards. On the other hand, the reflections at 2θ = 
33.9 º, 55.8 º and 60.5 º can be indexed to hexagonal 2H-WS2 [JCPDS #08-0237], 
confirming its presence in the samples sputter-deposited for 30 min or longer. This 
corroborates the results from the SEM and TEM images, from which we observed the 
emergence of sharp flakes at a sputter time of 30 min.  
 
Figure 5.13: (a) X-ray diffractograms of WS2-CNT samples. (b) X-ray diffractogram 
of 60 min sample with bulk diffraction peaks of 2H-WS and WO3. 
 
High resolution XPS scans of W 4f and S 2p core level spectra for selected 
samples are presented in Figure 5.14. For each sample, there is a W 4f doublet at 
binding energies of 36.0 and 38.1 eV (blue curve) owing to the W6+ oxidation state of 
WO3, thus confirming the presence of the WO3 phase. For the samples sputter deposited 
at 10, 20 and 25 min, there is an additional doublet at binding energies of 34.8 and 36.9 
eV (cyan curve), which can be assigned to a W5+ state in  WOy where 2 < y < 3.
45. 
Beginning from the 20 min sample, a third W 4f doublet emerges (red curve). This 
doublet first occurs at binding energies of 33.6 and 37.7 eV, then gradually shifts to 





lower energies with increasing sputtering duration until it stabilizes at around 32.7 and 
34.8 eV when a sputter time of 30 min is reached. These values of binding energies 
corresponds well a W4+ species in an intermediate O-W-S state that undergoes chemical 
change to form highly crystalline 2H-WS2 at 30 min sputter time. Although the relative 
proportions of this phase increase with sputter time, WS2 remains the minor compound 
compared to WO3 even at the longest sputter time of 60 min. This dominance of the 
oxide phase could explain the difficulty in detecting the characteristic Raman peaks of 
WS2 as previously discussed. Figure 5. 14(b) depicts the S 2p spectra of the WS2-CNT 
samples. At 10 min sputter time, there are two S 2p doublets, one located at 163.2 and 
164.4 eV due to the presence of amorphous sulfur and the other pair at 168.25 and 
169.45 eV due to the oxidized sulfur species SO4
2-. Although the SO4
2- vanishes at 
longer sputtering times, the peaks from amorphous sulfur remain present throughout all 
samples. From 20 min onwards, a new doublet at binding energies of approximately 
161.6 and 162.8 eV begins to appear and gradually shifts to slightly higher binding 
energies with longer sputter times. They eventually stabilize after 30 min of sputtering 
at values of 162.0 and 163.2 eV, which agrees well with the S2- species in WS2.
46 This 
gradual shift can be attributed to increasing electron withdrawing character of the W 
species bonded to S, thus complementing the chemical change we observed in the W 
4f spectra where the O-W-S bond converted to the S-W-S bonds at 30 min sputter time. 
These results collectively indicate that the WS2 phase produced at low sputter 
deposition times (< 30 min) are highly defective and sulfur-deficient. One possible 
reason for this is the preference of sulfur atoms to bind to oxygen or to itself, as 
evidenced by the pronounced peaks from oxidized SO4
2- species and amorphous sulfur. 
As sputter time increases beyond 30 min however, the SO4
2- peaks disappears in 
conjunction with a reduction of the amorphous sulfur signal intensity relative to the S2- 





species, all of which coincide with a downwards shift of the binding energies of the 
W4+ doublet. This behaviour suggests that longer deposition times favours the gradual 
displacement of oxygen atoms by sulfur in the W compound to form WS2. 
 
 
Figure 5.14: High resolution XPS scans of (a) W 5d and (b) S 2p core levels for selected 
WS2-CNT samples. 





5.3.3 Growth Mechanism of WS2 on CNT 
Figure 5.15 shows the proposed schematic growth process of the core-shell 
WS2-CNT nanostructures. In the synthesis of WS2 on CNTs, no external catalysts or 
metal seeds were involved, which makes the process simple and clean. The lack of 
catalysts or seeds also suggests that a modified vapour-solid (VS) growth mechanism 
is pre-dominant instead of the typical vapour-liquid-solid (VLS) growth processes.33,34 
In the sputtering process, W and S atoms are removed from a solid target by 
bombardment with high energetic ions that imparts high mobility to the source atoms, 
allowing them to quickly reach the CNTs and move along the surface of the nanotubes 
despite the lack of heat supplied. The source atoms are attracted to the defective areas 
in CNTs, which due to their higher reactivity compared to the surface plan regions, act 
as favourable sites for nucleation and subsequent crystal growth. In PECVD grown 
CNTs, these defects can take the form of “cross-struts”, pentagon-heptagon pairs, 
vacancies and ion impurities.36-38 Other important defects include grain boundaries in 
the graphene layers of the nanotube wall that can act as nucleation sites due to the 
presence of dangling bonds that attract adsorbates.39  
In the initial growth process, the W and S atoms that reach the surface of the 
substrate do not interact with each other. Instead, the presence of adsorbed oxygen on 
the CNT walls leads to significant oxidation of the W and S species to form an 
amorphous WO3 base layer with adsorbed gaseous SO4
2- species. Excess S atoms then 
bind to each other to form amorphous sulfur. Once most of the oxygen is consumed and 
the concentration of S atoms at the surface reaches a critical value (sputter time > 10 
min), sulfurization of the as-formed WO3 phase begins to take place. The process is 
most likely analogous to the CVD growth of 2D WS2 layers involving the reaction of 





sulfur vapour with a pre-deposited WO3 thin film at high temperatures.
47,48 In our 
samples, we are able to determine that initial sulfurization proceeds via the 
displacement of oxygen atoms in WO3 with S atoms to form, first O-W-S bonds, and 
then finally S-W-S. These clusters of pure WS2 crystals nucleate on top of the oxide 
layer, with kinetics initially favouring the lateral growth of WS2 islands due to 
minimization of energy. This can be deduced from the layered structure of WS2, 
wherein the surface energy of the planes perpendicular to the c-axis is much smaller 
than others due to the weak van der Waals forces holding the layers along this axis 
together. However, the rate at which the WS2 nuclei grow is much slower than the rate 
at which W and S atoms reach the surface of the oxide layer. As with the growth of 
MoS2 on CNT, the rapid deposition of W and S atoms causes the crystal orientation to 
change such that the c-axis is parallel to the surface, resulting in vertically standing, 
triangular-shaped nanoflakes reminiscent of flower petals. These nano-petals 
proliferate with increasing sputter time until a critical density is reached at 40 min. At 
this point, the nano-petal forest encapsulating the nanotube is too dense to allow 
additional flakes to develop as quickly as during the initial stage of sputtering. The 
continued transport of source atoms at the same rate thus leads to the vapour conditions 
around the nano-petals becoming even more supersaturated, triggering secondary 
branching in a process resembling dendritic outgrowth.49 Incoming source atoms thus 
begin to form nuclei and islands on the surface of the nano-petals. TMD layers are 
known to be unstable towards bending and have a high propensity to roll into curved 
structures.50 Combined with the strict space constraints between each nano-petal, the 
secondary nanoflakes that form eventually begin to roll and twist into the curved 
structures with needle-sharp tips seen in the TEM images. Hence the term nano-bristles. 






Figure 5.15: Proposed schematic growth process of WS2 nano-petals and nano-bristles 
supported on CNT. 
 
5.3.4 Field Emission Study of WS2-CNT Composites 
In order to investigate the field emission properties of the films, I-V curves were 
obtained at an anode-to-cathode distance of 10 μm. Figure 5.16 shows the I-V plots of 
selected WS2-CNT samples. The turn-on voltage, defined as the voltage required to 
produce a current of 1 μA, is determined to be 425 V for pristine CNTs used in this 
work. For the 10, 20, 30, 40, 50 and 60 min samples, the measured turn-on voltages are 
348, 295, 232, 355, 356, and 376 V respectively, demonstrating an improvement in 
field emission performance that peaks at the 30 min sample. These results indicate that 
both the WO3 coating and WS2 nanoflakes are capable of enhancing the ability of CNTs 
to emit electrons. In addition, that the turn-on voltage increases beyond a sputter time 
of 30 min despite there being no change in chemical state suggests that morphological 
transformation is responsible for the diminishing field emission performance in these 
samples. Fowler-Nordheim (F-N) plots of the samples were also obtained (Figure 5.17), 






) that indicates that the electron emission 
occurs through a quantum tunnelling process. In addition, the observed current 





saturation phenomenon with a smaller line slope of each plot at the high voltage region 
has been known to be caused by adsorbates on the emitter surface.51 The slope of the 
linear region of the F-N plot is a function of the work function of the material, ø, the 
field enhancement factor, 𝛽, and the distance between the electrodes, 𝑑, which can be 
expressed by transformation of the F-N equation as, 






Assuming 𝜑𝐶𝑁𝑇 = 5.0 𝑒𝑉,
24 𝜑𝑊𝑂3 = 4.8 𝑒𝑉,
52 and 𝜑𝑊𝑆2 = 5.1 𝑒𝑉,
53 the value of 𝛽 for 




Figure 5.16: Field emission plots of current versus voltage for WS2-CNT samples. 
 






Figure 5.17: Fowler-Nordheim plots for WS2-CNT samples. 
 
As explained in section 5.2.4, the influence of the physical geometry and 
dimension of emitters is reflected in F-N equation through the field enhancement factor, 
𝛽. For the sputter coated CNTs in this work, all demonstrated an enhancement in 𝛽 as 
compared to pristine CNTs, indicating that all three different morphologies of a WO3 
particulate film, WS2 nano-petal forest, and WS2 nano-bristle forest provide additional 
sites for electron emission compared to the uncoated nanotubes. In particular, the 
samples with the nano-bristle morphology (40, 50 and 60 min) exhibit the highest 𝛽 
values, which is not surprising considering that they have both a higher density of sharp 
edges and tips as well as smaller average tip diameter compared to the nano-petals due 
to rolling of the flakes into the bristle geometry. What is unusual however, is that 
despite the having the highest 𝛽 values, these samples also have the lowest turn-on 
fields of the coated CNTs. One possible reason for this is poor electrical contact 
between the nano-petals and nano-bristles when the latter stacks on top of the former. 
This would cause a substantial voltage drop to occur between the nano-petals and nano-





bristles at large emission currents because of the large contact resistance, leading to 
current saturation. The thicker coating could also result in greater electron scattering, 
reducing the efficiency of electron transportation within the nanoflakes. The end result 
is a field performance that is comparable to the sample with WO3 nanoparticle coated 
CNTs (10 and 20 min). 
Aside from the improvement in field enhancement factor of the emitters, it is 
believed that the lower turn-on voltages for the composite nanostructures are also 
correlated with the decrease in potential energy barrier because of band bending and 
the presence of defects at the interface between WO3 and WS2. A schematic energy 
band diagram of the CNT/WO3 and WO3/WS2 heterojunction under an applied electric 
field is shown in Figure 5.18. Owing to the fact that the band gap of CNTs is quite 
narrow, about a few hundred meV at room temperature,54 whereas WO3 is an n-type 
semiconductor with a band gap of 2.6–2.9 eV,55 it is assumed that the heterojunction 
formed is similar to a metal/semiconductor junction. Consequently, the electrons are 
injected from the Fermi level of CNTs into the conduction band of WO3 by tunnelling 
through the Schottky barrier and then emitted from WO3 into vacuum. WO3 has a 
smaller electron affinity of 3.2 eV56 as compared to the value of 4.8 eV for CNTs.57 
This leads to much lower energy threshold for the electrons escaping from the 
conduction band of WO3 into vacuum, and thus they are more easily emitted from WO3 
than CNTs. For samples deposited for 30 to 60 min wherein a layer of WS2 nanoflakes 
grows over WO3, the electrons would tunnel further into the conduction band of WS2. 
The band bending at this junction is beneficial to the movement of electrons from the 
WO3 to WS2 and holes from WS2 to WO3, which effectively reduces the recombination 
of electron-hole pairs.58 If vacancies and defects are present at the interface, they can 
induce defect energy bands (Edefects) between the energy bands of WO3 and WS2. The 





electrons on the WO3 conduction band can thus easily jump into these defect energy 
bands and then jump further into the WS2 bands. Hence, a large number of electrons 
gather on the surface of WS2 nanoflakes and are easily emitted into the vacuum through 
subsequent F–N tunnelling.  
 
 
Figure 5.18: Schematic diagram of the CNT/WO3 and WO3/WS2 heterojunctions 
under an applied electric field. 
 
5.4 Summary 
In summary, core-shell MoS2-CNT hybrid structures were synthesized by RF 
magnetron sputtering at room temperature in section 5.3. It was established that MoO2 
and MoO3 were initially formed with strong adhesion to the CNT core through Mo-O-
C chemical bonding. Increasing the amount of source atoms supplied beyond a certain 
threshold results in a chemical change from MoO2 to MoS2, which then crystallizes and 
forms vertically standing nano-petals on the side walls of the CNTs. Both the tubular 





MoO3 coating and the MoS2 nano-petal forest imparted improved field emission 
properties to the nanotubes, the former mainly through the formation of a Schottky 
junction at the interface and the latter mainly due to the geometric enhancement of 
needle-tipped nano-petals that act as additional emission sites. Both phenomena 
established a lower energy barrier for electrons to escape from the coating material to 
vacuum, resulting in a lower turn-on field as compared to pristine CNTs. Resonance 
PL was obtained for the 20, 25 and 30 min samples at approximately 684 nm and 615 
nm, demonstrating the dual functionality of the MoS2-CNT heterostructures. The 
observed blue-shift in the direct band edge at 684 nm with increased sputtering time is 
attributed to formation of sharper and thinner nano-petal tips, and the fact that the 
incident laser beam impinges only on the topmost layer of the samples. The successful 
fabrication of MoS2-CNT hybrids with both photoluminescence and field emission 
properties has great potential for application in multi-functional nanodevices.  
In section 5.4, sputter deposition was also used to fabricate core-shell WS2-CNT 
heterostructures at room temperature. An amorphous WO3 particulate film was initially 
formed over the nanotubes. Increasing the amount of source atoms eventually results in 
sulfurization of the WO3 film to form intermediate O-W-S bonds before complete 
transformation to S-W-S bonds take place. The crystalline WS2 nanostructures on CNT 
take the form of vertically standing nano-petals for the 30-35 min samples, while in the 
40-60 min samples they adopt a rolled and curved geometry (nano-bristles). All three 
morphologies of a WO3 particulate film, WS2 nano-petals and WS2 nano-bristles result 
in enhanced field emission performance over that of uncoated CNTs. The lowest turn-
on voltage of 232 V was obtained for the 30 min sample. This is attributed to the 
combined effects of the formation of a Schottky barrier at the CNT/WO3 interface, the 
possible presence of defects at the WO3/WS2 interface, and the geometric enhancement 





of sharp-tipped nano-petals that act as additional emission sites. The observed increase 
in turn-on voltages of the 40-60 min samples despite the much higher field enhancement 
factors is deduced to be due to poor electrical contact between the nano-petals and nano-
bristles. The large voltage drop across this interface at high emission currents thus 
results in current saturation and poorer field emission performance. The successful 
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Conclusions and Future Work 
6.1 Conclusions 
The primary objective of this work was to fabricate MoS2- and WS2-based 
materials for field emission applications. In order to achieve the aforementioned goals, 
two parallel series of experiments were conducted. In the first, MoS2 growth at elevated 
temperatures using pulsed laser ablation of a solid target and subsequent transport of 
ablated atoms to an Ag substrate was conducted. Slower cooling rates and higher laser 
energies result in higher MoS2 crystalline quality as the more energetic source atoms 
are able to rearrange themselves into a more orderly configuration. The thickness of the 
MoS2 film can be controlled by varying the parameters of deposition time and laser 
energy, with the thinnest sheets possessing 2-3 layers as determined by Raman 
spectroscopy and TEM. 
MoS2 growth by PLD was subsequently studied on various different metal 
substrates such as Ag, Al, Ni, and Cu. Highly crystalline few-layer MoS2 was 
successfully grown on Ag, but is absent in Al, Ni and Cu under specific deposition 
conditions. The growth mechanism involves the in-situ formation of a metal sulfide 
phase that acts as a scaffold/template for growth and subsequent segregation of 
dissolved source atoms in the metal onto the surface. This inability of the metals Al, Ni 
and Cu to produce crystalline MoS2 was thus due the absence of such a growth template.  
In the case of Al, the absence of template can be partially offset by increasing the 
amount of source atoms supplied, thereby producing semi-crystalline few-layer MoS2. 





The results show that despite PLD being a physical vapor deposition technique, both 
physical and chemical processes play an important role in MoS2 growth on metal 
substrates. 
Using the information gained from PLD growth of MoS2 on metals, Ag and Al 
nanocones were fabricated and coated with MoS2 for field emission purposes. Despite 
loss of the conical structures after heating, the field emission properties of Ag 
nanocones were greatly enhanced with the MoS2 layer coating due to charge transfer 
interactions and the formation of a low Schottky barrier at the metal-MoS2 interface. 
This led to a reduced electron tunnelling barrier height that manifested as a lower turn-
on voltage. For the Mos2-coated nanocones however, no discernible field emission 
property was obtained due to the high resistance contact between Al and MoS2 as well 
as the high density of defects present in MoS2 layers grown on Al. The overall 
conductivity of the emitter was thus reduced, resulting in much higher turn-on voltages 
that were beyond the limit of the voltage source.  
In the final part of this series, atomically thin MoS2 flakes were fabricated by 
sputter deposition at room temperature on CNTs. With longer deposition times, the 
particulate film consisting mostly of MoO3 transforms to a dense nano-petal forest of 
crystalline MoS2. Both the MoO3 coating and the MoS2 nano-petal forest significantly 
enhanced the field emission properties of CNTs, with the sample deposited at 30 min 
exhibiting the lowest turn-on fields. The mechanism for improvement in field emission 
performance for both structures is different; in the case of the MoO3 coating it is due to 
the formation of a Schottky junction at the interface, whereas for the MoS2 nano-petal 
forest it is mainly due to the geometric enhancement of needle-tipped nano-petals that 





act as additional emission sites. The addition of 2D MoS2 flakes onto CNT also imparts 
photoluminescence properties to the resulting hybrid structure.  
In the second series, the success of PLD at growing 2D TMDs was extended to 
WS2. In contrast to MoS2, the optimum balance between crystalline quality and film 
thickness was obtained at a laser energy of 100 mJ and a deposition time of 10 s. The 
crystalline WS2 layers are able to grow on Ag layers as thin as 8 nm, resulting in high 
optical transmittance in the visible range for the final product. The final film was 
composed of a hybrid 2H-1T structure, suggesting that the Ag substrate was capable of 
stabilizing 1T-WS2. Lower growth temperatures, thicker Ag layers and lower laser 
energies favoured a higher proportion of the 1T-phase.  
Next, WS2 growth by PLD on the metal substrates Ag, Au, Al, and Ni was 
investigated. The underlying growth mechanism involved the in-situ formation of a 
lattice matching metal sulfide phase, similar to pulsed laser fabricated MoS2. 
Consequently, only Ag was successful at producing highly crystalline few-layer WS2 
due to the formation of substantial amounts of Ag2S. The 1T-phase was observed to be 
present in the film grown on the noble metals Ag and Au, but was absent in Ni and Al. 
It was deduced that the 1T-phase arises due to electron doping of the WS2 lattice by 
Ag/Au atoms, leading to the formation of a stable d10 shell and a phase transformation 
in the WS2 structure from 2H-to-1T. Neither Ni nor Al are capable of such electron 
doping processes for different reasons; in Ni, the surface oxides inhibits its ability to 
donate electrons, whereas Al is chemically unsuitable to act as electron donor for WS2.  
Using PLD, WS2-based field emitters were similarly fabricated by depositing 
WS2 layers on Ag nanocones. Despite loss of the conical geometry after heating, all 
WS2-coated samples demonstrated improved field emission over pristine nanocones, 





This was attributed to a reduction of the potential barrier for electron field emission by 
formation of a Schottky barrier at the WS2-Ag interface. The as-fabricated WS2-coated 
nanocones exhibited lower turn-on voltages compared to the annealed samples due to 
the presence of the metallic 1T-phase, which exhibits much higher electrical 
conductivity and carrier concentration than the semiconducting 2H-WS2. This results 
in very efficient electron transfer from the substrate to the sample surface and hence a 
lower turn-on voltage is obtained for the as-deposited samples. The samples fabricated 
at lower laser energies consistently demonstrated higher turn-on voltages than those 
synthesized at higher laser energies due to a higher density of defects that reduces the 
overall electrical conductivity of the emitter. 
In the final part of the second series, ultrathin WS2 flakes were coated onto 
CNTs at room temperature by sputtering. Longer deposition times resulted in the initial 
particulate film of WO3 converting first to a dense nano-petal forest of crystalline WS2, 
and then finally to a thick nano-bristle morphology. All three morphologies lead to 
enhancement of the field emission performance over that of pristine CNTs, with the 
lowest turn-on voltage of 232 V obtained for the 30 min sample. The mechanisms 
behind this enhancement include the formation of a Schottky at the CNT/WO3 interface, 
the possible presence of defects at the WO3/WS2 interface, and the geometric 
enhancement of sharp-tipped nano-petals/nano-bristles that act as additional emission 
sites. The higher turn-on voltages for the samples with deposition times longer than 30 
min is believed to be due to poor electrical contact between the nano-petals and nano-
bristles, which prevents efficient transport of electrons from substrate to the sample 
surface. 





From the studies carried out in this dissertation, ultrathin and high quality MoS2 
and WS2 layers were able to be synthesized using physical methods such as PLD and 
sputtering, and at much lower temperatures than is typical for these materials. A major 
contribution of this work is the revelation of the growth mechanisms of MoS2 and WS2 
by these physical methods, as well as the discovery of a new route for the stabilization 
of 1T-WS2, both of which can serve as a guideline for the development of high quality 
TMD materials with structures and properties tailored for specific applications. In 
addition, this work demonstrated that effective MoS2- and WS2-based field emitters can 
be fabricated by PLD and sputtering. The performance of these emitters can be 
enhanced by tuning their geometrical shape as well as the crystalline quality and 
thickness of the TMD sheets. For WS2, control of the phasic composition is another 
important aspect affecting field emission property.  
 
 
6.2 Future Work 
It was demonstrated that few-layer MoS2 and WS2 can be grown by PLD directly 
onto nano-patterned substrates for various applications. However, the propensity of Ag to 
undergo rapid recrystallization and grain growth even at temperatures as low as 200 ºC 
means that the Ag substrates often lose their definitive shapes after TMD growth. As 
lowering of the temperature is not feasible in this case, it would be beneficial to explore 
patterning of the Si substrate instead, and then coating of the Si nanostructures with a thin 
Ag film. This would then preserve the structures even after TMD growth by PLD. In 
addition, the shape of the nanostructures should be further fine-tuned so that much smaller 
tips that increase the field enhancement are produced. 





Another issue is the stabilization of the 1T-WS2 phase, which was speculated to 
occur by electron doping of Ag and Au. Conclusive evidence through DFT calculations 
should be conducted to confirm this. Furthermore, as Ag and more so Au are often used as 
contacts in TMD-based transistors, it is important that further investigations be carried out 
on the influence of Ag and Au on pre-fabricated WS2 sheets grown by other methods 
such as exfoliation. This is to ensure that no phase change occurs at the metal-TMD 
interface, which would significantly affect device performance. If a phase change does 
occur, then it would be interesting to study the kind of devices that can be formed with 
such a hybrid structure seeing as the 1T-phase of WS2 is metallic and possesses much 
better electrical conductivity. Finally, it would also be interesting to carry out studies 
to understand the reasons why MoS2 is not similarly affected by the electron doping to 
form the 1T-phase.  
In closing, it is clear that the development of TMD-based materials for field 
emission applications is still in the stages of infancy. As the field emission properties 
of MoS2 and WS2 are highly affected by their geometrical configuration and structure, 
fabrication techniques play a critical role in realizing their full potential as field 
emitters. Currently, many challenges remain in terms of fabrication and structure 
optimization before MoS2 and WS2 field emitters can be employed in practical 
applications. Even so, as further progress is achieved in the synthesis and tailoring of 
their properties, TMDs such as MoS2 and WS2 can will be able to play a pivotal role in 
the advancement of field emission devices. 
 
